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Abstract

Micro- and nano-architected ceramics offer exceptional stiffness-to-weight ratios, thermal

stability, and multifunctionality, yet their widespread application remains limited by intrinsic

brittleness and flaw sensitivity at small length scales. As the characteristic dimensions of

ceramic components approach the micron and sub-micron regime, fracture behavior becomes

increasingly governed by surface condition, residual stress, and interface architecture rather

than bulk material properties alone. This thesis investigates physically grounded surface- and

interface-engineering strategies to enhance fracture resistance and control deformation behavior

in micro-scale ceramic systems.

The thesis begins by establishing a reliable intrinsic mechanical baseline for sinterless silica

fabricated via two-photon polymerization and low-temperature pyrolysis. Using nanoindentation

and micropillar splitting, the elastic modulus, hardness, and fracture toughness of printed

silica are quantitatively benchmarked against conventionally fabricated silica, demonstrating

mechanical equivalence despite drastically reduced processing temperatures and enabling

confident use of this material platform for microscale architectures.

Building upon this baseline, the thesis next explores fracture toughness enhancement

of micro silica through atomic layer deposition (ALD) stress engineering. By conformally

coating silica micropillars with thin amorphous Al2O3 and ZnO films of controlled thickness and

intrinsic stress state, the interaction between film-induced residual stress and microscale crack

systems is systematically examined. The significant improvement of fracture toughness (165%)

reveals that thin-film stress can be deliberately leveraged as an active design parameter to

modify crack driving forces and enhance apparent fracture toughness in brittle micro-ceramics.
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Finally, the deformation and fracture behavior of optical ceramic nanomultilayers fabricated

by physical vapor deposition (PVD) is investigated, with a particular focus on the role of

aperiodicity and interface architecture. By comparing optically optimized and non-optimized

multilayers composed of crystalline and amorphous ceramic constituents, this work elucidates

how interface density, stress redistribution, and layer sequence govern crack propagation

pathways and mechanical reliability.

Together, these studies demonstrate that surface and interface engineering, through

residual stress control and multilayer interface design, provides powerful, complementary

strategies for overcoming the intrinsic brittleness of micro-ceramics. The insights developed in

this thesis establish a mechanistic foundation for the future design of robust, coated ceramic

metamaterials with tunable mechanical performance.
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CHAPTER 1

Introduction

1.1 | Micro-metamaterials

Micro-metamaterials are architected solids whose mechanical response is governed pre-

dominantly by geometry rather than solely by composition. Through the deliberate design

of unit-cell topology, connectivity, and hierarchy, these materials can exhibit combinations of

stiffness, strength, and deformation modes that are inaccessible in conventional bulk materi-

als. Recent advances in micro-fabrication have enabled the realization of three-dimensional

micro-architectures with unprecedented geometric freedom, opening the door to ultralight,

mechanically robust, and functionally programmable materials for structural, optical, and

energy applications.

1.1.1 Architected materials: concept and significance

Architected materials are solids whose effective mechanical performance arises primarily

from their engineered geometry rather than from the intrinsic properties of the constituent

material alone. In contrast to monolithic materials, where stiffness and strength are governed

directly by composition and processing, architected systems exploit the topology, connectivity,

and relative density of their structural units to achieve mechanical responses that are inaccessible

in homogeneous solids. Classical cellular-solid theory [1] establishes that key mechanical

properties follow geometry-driven scaling laws of the form

𝐸𝑒 𝑓 𝑓 ∝ 𝜌 𝑚𝑟𝑒𝑙 (1.1)

𝜎𝑒 𝑓 𝑓 ∝ 𝜌 𝑛𝑟𝑒𝑙 (1.2)
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Fig. 1.1. Comparison of nanolattice topologies and their mechanical scaling behavior. (a–d)
Architected lattice geometries—octet-truss, cuboctahedron, 3D Kagome, and tetrakaideca-
hedron—showing CAD models, nodal connectivity, and SEM images of fabricated structures
(scale bars: 10 µm in (ii), 5 µm in (v)). (e–h) Young’s modulus versus relative density for
the corresponding solid-beam nanolattices, comparing finite-element (FE) predictions with
experiments. Insets illustrate von Mises stress distributions under compression, highlighting
topology-dependent load-bearing modes [3].

where 𝐸𝑒 𝑓 𝑓 and 𝜎𝑒 𝑓 𝑓 denote effective stiffness and strength, 𝜌𝑟𝑒𝑙 is the relative density, and

the exponents 𝑚 and 𝑛 strongly depend on the deformation mode of the underlying architecture

(𝑚 = 𝑛 = 1 for stretching dominated structure and 𝑚 = 2, 𝑛 = 1.5 for bending dominated

structures [2]). The proportionality constants embed the constituent-material properties, such

as its Young’s modulus, yield strength, and intrinsic fracture resistance.

These relationships demonstrate the extent to which structural topology and nodal

connectivity can dictate global performance. As shown in the Figure 1.1, the effective stiffness

of octet-truss, cuboctahedral, 3D Kagome, and tetrakaidecahedral lattices follows distinct

scaling trajectories, with stretching-dominated architectures approaching the Voigt upper bound

and non-rigid geometries transitioning toward bending-dominated behavior at low densities [3].

Such geometric control enables the design of ultralight materials with high specific stiffness

and strength, or with targeted deformation modes such as auxeticity, recoverable elasticity, or

enhanced energy absorption [4–8].

While geometry dictates the scaling laws and deformation mechanisms, the constituent

material remains fundamentally important: it sets the upper bounds on achievable stiffness,

strength, and especially fracture toughness. Architected materials therefore do not eliminate
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dependence on material properties; rather, they enable the decoupling of geometry-driven

mechanical response from material-intrinsic behavior, allowing each to be tailored more

independently than in conventional solids. This geometry–material interplay forms the basis of

mechanical metamaterials, where topology is used to encode functionalities such as anisotropy,

recoverability, and programmable failure modes [9, 10].

In this sense, architected materials provide a powerful route for performance optimization,

via topology, hierarchy, and relative density, while still being fundamentally constrained by

the mechanics of their constituent phases. This principle naturally motivates the following

sections, which examine how micro-scale fabrication and surface/interface engineering further

expand the accessible design space for high-performance ceramic micro-metamaterials.

1.1.2 Micro-scale fabrication of 3D architected structures

The emergence of micro-scale architected materials has been made possible by advances

in high-resolution fabrication techniques capable of producing three-dimensional structures

with sub-micron precision. Whereas traditional lattice materials were historically constrained

to millimeter- or centimeter-scale features, often limited by manufacturing tolerances and geo-

metric imperfections, modern microfabrication methods enable structures whose characteristic

dimensions approach or even fall below the intrinsic flaw sizes of brittle solids. This shift

to the micro-scale dramatically alters the accessible mechanical behavior and unlocks design

opportunities not available in conventional architected systems.

Among the various fabrication routes, two-photon polymerization direct laser writing

(TPP-DLW) has emerged as the most versatile platform for constructing complex three-

dimensional architectures with feature sizes down to 100 nm. Figure 1.2 represents the theory

of the two photon polymrization and the set up of a typical TPP system [11]. TPP-DLW relies

on nonlinear absorption of a tightly focused femtosecond laser beam within a photosensitive

resin, allowing polymerization to occur only at the focal volume [11, 12]. As illustrated in

Figure 1.2c, by rastering the laser in three dimensions, arbitrary freeform structures can be

written voxel by voxel. This technique supports a broad range of lattice topologies, including

truss-based, shell-based, woven, and hierarchical networks, and offers nearly unconstrained

geometric freedom compared with planar lithographic processes. Additionally, the precise
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control of the lattice geometry feature can be achieved by tuning the printing parameter such

as laser power or scan speed [13–15].

Fig. 1.2. Overview of two-photon polymerization: (a) (i) Two-photon absorption leading to
electronic excitation via the simultaneous absorption of two photons through a short-lived virtual
intermediate state. (ii) Initiation of the TPP process, illustrating the competing pathways for
radical generation (R•), including emissive routes, fluorescence (ℎ𝑣 𝑓 ) and phosphorescence
(ℎ𝑣𝑝), which are shown by solid blue lines, and non-emissive routes indicated by dashed blue
lines. (b) Comparison of UV and NIR photopolymerization: UV irradiation exhibits shallow
penetration with strong surface interaction (top), whereas NIR irradiation enables deeper
penetration with minimal surface interaction (bottom) (c) Schematic of the TPP system
configured for printing in dip-in laser lithography (DiLL) mode with galvo mirror system and
piezo stage controlling the beam path. [11]

Representative micro-architected structures fabricated by TPP-DLW demonstrate the

breadth of accessible design space, as illustrated in Figure 1.3. Meza et al. [16] reported hollow-

beam ceramic nanolattices with relative densities near 10−3 and ultrahigh specific strengths,
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enabled by shell-buckling–dominated deformation at nanometer-scale wall thicknesses. Bauer

and co-workers [17] achieved gigapascal-level strengths and recoverability in glassy-carbon

octet lattices, highlighting the role of nanoscale flaw tolerance. More recently, Crook et al.

[18] demonstrated plate-based carbon architectures in which curved plates mitigate stress

concentrations, enabling improved damage tolerance. Together, these studies showcase how

nanoscale geometry amplifies mechanical performance far beyond bulk material limits. Triply

periodic minimal surface (TPMS) architectures, such as gyroid and Schwarz-type lattices,

spinodal have also been fabricated with sub-micron resolution, exhibiting uniform stress

distribution and high energy absorption [19, 20]. Re-entrant and auxetic lattices created

via DLW enable extreme negative Poisson’s ratios and programmable anisotropy [6]. More

complex geometries, including woven micro-lattices [21] and tensegrity frameworks [22], further

illustrate the versatility of the technique and highlight the ability of TPP-DLW to create

architectures that would be impossible using any conventional microfabrication method.

Fig. 1.3. (a) Compressive strength–density Ashby chart and representative micro-architected
nanolattice structures: (b) glassy-carbon octet-truss nanolattice [17]; (c) Al2O3 hollow-beam
octet nanolattice [16]; (d) glassy-carbon cubic–octet plate-nanolattice [18], demonstrating the
potential of micro-metamaterials to expand the materials property space.

Because TPP-DLW is inherently a polymerization-based technique, the as-written archi-

tectures are polymeric and require post-processing to achieve ceramic, carbon, or metallic

functionality. Several established conversion routes allow preservation of topology while enabling

a broad palette of constituent materials. For example, direct pyrolysis of silicon-containing
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photoresists yields polymer-derived ceramics such as SiOC or silica-like networks, with isotropic

shrinkage that retains architectural fidelity [23, 24]. Metal nanoparticle–loaded resins can be

written directly and subsequently sintered to form metallic-based micro-lattices [25–27].

Beyond chemical conversion, thin-film coating routes, such as atomic layer deposition

(ALD), physical vapor deposition (PVD), electroless plating, or electrodeposition, provide a

complementary pathway to generate ceramic or metallic shells on polymer scaffolds. These

techniques offer nanometer-scale control of wall thickness and interface quality, enabling

hollow-beam, core–shell, and multilayer architectures that substantially broaden the accessible

material space for micro-architected structures. For example, ultrathin ALD Al2O3 coatings

have been widely used to transform polymer and carbon scaffolds into conformal ceramic

shells [17, 28, 29], while electroless plating allows uniform metallization of non-conductive

DLW templates [30], yielding nickel or copper micro-lattices with continuous shell coverage.

Together, these coating-based pathways expand the accessible material palette beyond polymer-

derived ceramics and metals obtained by direct pyrolysis, enabling architected structures whose

geometry is defined by DLW but whose composition is selected independently.

In summary, the combination of TPP-DLW with post-processing and coating strategies

has transformed architected materials from conceptual designs into experimentally realizable

micro-structures with unprecedented control over geometry, feature size, and constituent

material composition. These advances make it possible to systematically probe mechanics at

scales where structural design and intrinsic material size effects both play crucial roles. This

coupling between geometry, fabrication, and material physics provides the foundation for the

size-dependent mechanical phenomena examined in the next subsection.

1.1.3 Deformation and fracture mechanisms in architected micro-

metamaterials

Architected micro-metamaterials derive their mechanical response from the interplay

between geometry and constituent material behavior. As established in the previous sections,

topology dictates the global deformation mode, while advances in micro-scale fabrication now

allow these architectures to be realized with sub-micron fidelity. Reducing the characteristic

feature size into the micro- and nano-scale not only enhances geometric precision but also places
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the structural elements (struts, shells, plates) into a regime where flaw populations diminish

and size-dependent strengthening becomes significant. These developments fundamentally

alter how micro-architected materials deform and fail, making it essential to understand their

deformation and fracture mechanisms.

1.1.3.1 Geometry-controlled deformation modes

The typical stress-strain curves of stretching- and bending-dominated cellular materials

were summarized by Ashby, as shown in Figure 1.4 [31]. In stretch-dominated lattices,

deformation is governed primarily by axial loading of the struts. After an initial elastic regime,

these structures typically experience either plastic buckling or brittle collapse, often accompanied

by a distinct post-yield softening regime during which the apparent stiffness becomes negative.

By contrast, bending-dominated lattices tend to collapse at an approximately constant stress

once the elastic limit of individual beams is reached, at which point cell edges yield, buckle,

or fracture. In both cases, the final densification stage appears after extensive cell collapse.

Importantly, for a given relative density, the modulus and initial collapse strength of stretching-

dominated lattices are significantly higher than those of bending-dominated architectures. This

makes stretch-dominated structures ideal for lightweight load-bearing applications, whereas

bending-dominated systems are better suited for energy absorption.

Fig. 1.4. (a) A schematic stress–strain curve for a stretch-dominated structure. It has high
stiffness and high initial strength. (b) A stress–strain curve of a bending dominated lattice.

In practice, deformation behavior is also influenced by slenderness of the load-bearing

members and by the mechanical properties of the constituent material. Meza and co-workers

[3, 32] demonstrated that lattices with high slenderness ratios (i.e., long and thin struts,

low relative density) tend to deform through beam buckling, whereas reducing slenderness
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(increasing strut diameter or relative density) shifts the response toward yielding- or fracture-

dominated behavior. Moreover, ductile constituents are more likely to exhibit a plateau regime

associated with plastic deformation at nodes or joints, while brittle constituents undergo

catastrophic collapse once the local fracture strength of a strut or node is exceeded.

A similar dependence on geometry is observed in hollow-tube lattices. Their deformation

is strongly affected by the aspect ratio of the hollow cross-section [33, 34]. As wall thickness

decreases, the collapse mechanism transitions from material fracture to elastic shell buckling,

effectively shifting the behavior from “brittle-like” to more “ductile-like” responses [33]. As

shown in Figure 1.5, a nanolattice with a wall thickness of 120 nm exhibits large displacement

bursts corresponding to brittle layer-by-layer collapse. In contrast, a thinner 60 nm -wall

structure displays a much smoother stress–strain response, with progressive, non-catastrophic

shell buckling dominating the deformation process.

Fig. 1.5. Engineering stress–strain curve of hollow Cu60Zr40 nanolattices with the wall
thickness of (a) 120 nm and (b) 60 nm at 298K. Insets include the cross-section of hollow
member and snapshots during mechanical deformation [33].

1.1.3.2 Fracture behavior of the architected metamaterials

Beyond global deformation modes, recent studies have increasingly focused on understand-

ing how classical fracture mechanics principles translate from continuum solids to architected

lattice materials, with particular emphasis on flaw tolerance and topology-dependent toughness

[35–41]. As illustrated in Figure 1.6, architected metamaterials may be viewed as discrete

networks of struts or shells, whose fracture behavior represents a structural extension of classical

fracture mechanics [40]. The local failure process zone is governed by the buckling, yielding,

or fracture of individual struts near the crack tip. Although the classical linear elastic fracture
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mechanics (LEFM) framework provides a useful conceptual guide, the actual failure processes in

micro-architected lattices involve complex interactions between stress concentrations, unit-cell

topology, deformation modes, and size-dependent material behavior. A full discussion of

continuum fracture mechanics is given in Chapter 1.3.2.1. Here we focus on how fracture

manifests within architected networks.

Fig. 1.6. Fracture behavior in discrete architected lattices. (a) Schematic illustrating the
crack-blunting phenomenon in discrete materials across different scales. (b) Classical LEFM
stress singularity. (c) Classical analysis of discrete lattice metamaterial fracture, limited to a
single strut at the crack tip. (d) Modified model incorporating nonlocal buckling and crack-tip
blunting, adapted from Wang et al [40].

One notable characteristic of architected micro-lattices is their insensitivity to externally

introduced flaws. Montemayor et al. demonstrated that hollow Al2O3 nanolattices containing

prefabricated notches (with notch-to-width ratios 𝑎/𝑤 ≲ 0.3) fail at nearly the same load

as unnotched specimens [35]. Failure did not initiate at the prefabricated notch but rather

at intrinsic node-level stress concentrations, indicating that crack-like defects are not the

dominant factor controlling strength in such architectures. Beyond flaw tolerance, several

studies have demonstrated topology-enabled toughening in architected systems. For instance,

Maurizi et al. [37] used compact-tension nano-architected specimens containing octet unit
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cells and showed that these lattices possess significantly higher effective toughness than their

macroscopic counterparts. This enhancement arises from distributed deformation within struts,

progressive cracking, and dissipation mechanisms not captured in conventional LEFM scaling.

Beyond truss lattices, recent studies have revealed even more pronounced toughening in

shell- and plate-based architected materials. Schwarz-P shell lattices exhibit substantially higher

peak loads and dramatically increased energy absorption relative to octet lattices of similar

relative density [38]. The topology distributes stresses efficiently, activates larger volumes of

material into the high-stress regime, and enhances both plastic and nonrecoverable elastic

dissipation, resulting in a significantly enlarged fracture process zone and superior fracture

resistance.

1.1.3.3 Local deformation and failure

While the global deformation of architected metamaterials is governed primarily by

topology and the associated load-path distribution [42], the onset of failure is dictated by local

mechanical response within individual structural elements. Under external loading, stresses

concentrate at a small subset of struts, shells, or nodes, typically at junctions or geometric

curvature maxima, where local slenderness, wall thickness, and material properties determine

whether these elements undergo elastic buckling, yielding, shell instability, or brittle fracture.

Once initiated, such localized failure events perturb the surrounding stress field and may trigger

cascading collapse or global instability.

Many jobs have focused on understanding and manipulating local deformation to enhance

the failure resistance of architected lattices. The stretching-dominated octet lattice, for example,

is known for its high stiffness and yield strength, while it exhibits layer-by-layer failure once the

peak load is reached (Figure 1.7a). These discrete damage bursts correspond to struts in locally

stressed regions reaching their buckling or fracture thresholds. Because the octet topology

concentrates stresses at nodes, local failures tend to be spatially localized and can precipitate

premature loss of load-carrying capacity. Bauer et al. proposed a tensegrity metamaterials

which are composed of discontinuous compression members connected through a continuous

tensile network, exhibit inherently delocalized deformation [22]. As illustrated in Figure 1.7a,

deformation is distributed homogenously across the lattice and remains insensitive to the
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applied strain level. Without early localization of damage in individual struts, the structure

resists catastrophic collapse up to densification, yielding exceptional energy absorption.

Fig. 1.7. (a) Uniaxial compression response of 4%-relative-density tensegrity, octet, and
Kelvin lattices. In situ imaging and deformation maps reveal distinct deformation modes: the
tensegrity lattice exhibits highly uniform, delocalized deformation over the full strain range,
consistent with its stable stress–strain response, whereas octet and Kelvin lattices develop
strongly localized deformation and damage, leading to abrupt load drops and instability. [22].
(b) FEM predictions of von Mises stress prior to fracture for octet truss and Schwarz-P shell
lattices at comparable relative densities (∼21%). The octet truss shows pronounced stress
concentrations in struts and nodes, while the Schwarz-P shell distributes stress more uniformly
across the shell network [38]. (c) Effect of strut buckling on fracture: buckling near the crack
tip promotes strain delocalization and crack blunting, whereas the absence of buckling leads to
highly localized deformation. Correspondingly, buckling-enabled lattices achieve significantly
larger critical crack-tip opening displacements (CTOD) [40].
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A different form of local-failure mitigation is provided by shell-based metamaterials, such

as the Schwarz-P minimal-surface lattice. Rather than delocalizing deformation, the smooth

curvature of the shell geometry homogenizes the stress field within each unit cell. As shown in

Figure 1.7b, the absence of sharp stress concentrations suppresses premature element failure,

leading to markedly higher fracture resistance [38].

Local deformation can also enable toughening under crack-tip loading. Wang et al.

recently revealed that strut buckling in the crack-tip region of low-density lattices contributes

to enhanced crack-tip opening displacement (CTOD), effectively blunting the crack and

delaying propagation [40]. As shown in Figure 1.7c, slender struts are more prone to buckle

near the crack tip than thicker ones, and this nonlocal buckling transformation leads to higher

CTOD values, providing a structural toughening mechanism distinct from classical LEFM.

In summary, global topology determines how loads flow through an architected lattice, but

local failure is ultimately governed by the intrinsic behavior of individual elements subjected

to concentrated stresses. Both aspects, topology-driven stress distribution and material-

controlled local failure, offer pathways to improve metamaterial performance. For example,

the microalloyed medium-entropy (MEA)-polymer composite nanolattice fabricated through

TPPDLW followed by PVD coating exhibits ultrahigh toughness and cyclability [43]. In-situ

compression tests on both coated pillars and full octet lattices show that the 30 nm MEA

film can deform by global wrinkling without cracking, verifying that the enhanced lattice-

level toughness originates from the local ductility and stability of individual coated struts

(Figure 1.8).

Building on these insights, the present work adopts an approach that isolates individual

constituent elements to directly probe their intrinsic mechanical behavior, as illustrated in

Figure 1.9. Such an element-level understanding is essential for predictive modeling of local

failure and, ultimately, for the rational design of tough and reliable architected metamaterials.

Guided by this perspective, the primary characterization methods employed in this study

are introduced in Chapter 1.3 , followed by a detailed outline of the research activities in

Chapter 1.4.
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Fig. 1.8. In situ compression tests on MEA-coated pillars and corresponding microstructural
characterization. (a–c) SEM images showing the deformation behavior of pillars coated with
30 nm, 100 nm and 200 nm MEA films at several loading stages up to 20% strain; (d–f)
Schematic illustrations of the corresponding composite nanolattice responses, highlighting
a pronounced brittle-to-ductile transition as the MEA film thickness decreases. Scale bars:
2 µm. (g) TEM image of a representative 30 nm MEA coating. (h) Inverse fast Fourier
transform (IFFT) image of the boxed region in (g), revealing nanotwins and stacking faults
within the ultrathin film; (i) SEM image of a wrinkled nanolattice after deformation, showing
joint plastic deformation of the MEA shell and polymer core without interfacial delamination;
inset: cross-sectional view of a deformed strut [43].

Fig. 1.9. Schematic illustrating the progressive simplification of architected metamaterials
across multiple length scales. Complex lattice architectures (left) exhibit global deformation
and failure governed by topology and load-path connectivity. At finer resolution (middle),
individual unit cells and representative struts or shells determine local stress concentrations and
element-level failure modes. At the smallest scale (right), single struts or node-level specimens
isolated from the lattice enable direct probing of intrinsic material behavior, such as size effects,
buckling, yielding, and fracture, without the complexity of architectural interactions.
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1.2 | Surface engineering for enhanced micro-ceramic

performance

Surface engineering has become a critical design strategy in the development of nano- and

micro-architected metamaterials. As highlighted in Chapter 1.1.3, the mechanical response of

metamaterials originates from the coupled contributions of topology and constituent material

properties. In the present work, the topology is not the primary variable of interest; instead,

attention is directed toward isolated micro-scale struts and pillars, which serve as model building

blocks for probing fundamental failure mechanisms, as demonstrated in Figure 1.9. Within

such isolated components, modifications to the constituent material, particularly within the

near-surface region, can strongly reshape the effective mechanical response.

This is especially relevant in micro-ceramic systems, where the surface-to-volume ratio

becomes significant and the characteristic dimensions of the structural members approach the

intrinsic flaw sizes of brittle materials. Under these constraints, the near-surface region should

therefore be regarded not only as a boundary condition but as a mechanically influential zone

controlling stress concentration and fracture processes [44]. As a result, surface engineering

provides an additional, geometry-dependent tuning parameter for tailoring the toughness,

strength, and deformation behavior of micro-architected ceramics.

Surface modification techniques, particularly thin-film deposition routes such as atomic

layer deposition (ALD) [45–50] and physical vapor deposition (PVD) [33, 34, 51–55], have

therefore become indispensable tools for enhancing and controlling the performance of micro-

architected lattices. Numerous studies on coated nano- and microlattices have demonstrated

improvements including increased stiffness, enhanced recoverability, higher compressive strength,

and elevated flaw tolerance under tension. These observations provide strong motivation for a

systematic investigation of how surface treatments interact with the intrinsic brittleness of

micro-ceramics and how they can be deliberately engineered to improve mechanical reliability.
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1.2.1 Atomic layer deposition

1.2.1.1 Process fundamentals

ALD operates through a vapor-phase, self-limiting reaction mechanism that enables

atomic-scale control of coating thickness together with exceptional conformality on complex

three-dimensional micro-architectures [56], as illustrated in Figure 1.10. In a typical ALD cycle,

gaseous precursors are introduced sequentially into the reaction chamber, each reacting solely

with available surface functional groups rather than with previously deposited material. For

example, during Al2O3 ALD using trimethylaluminum (TMA) and water, the first precursor

pulse enables TMA to chemisorb onto surface hydroxyl (–OH) groups, releasing methane

as a byproduct [57]. After purging the chamber, a water pulse reacts with the remaining

–CH3 ligands, regenerating surface hydroxyl sites and completing a single monolayer-equivalent

reaction step. Because each reaction step proceeds only until surface reactive sites are saturated,

the amount of material deposited per cycle, typically on the order of ≈1Å, is governed by

surface chemistry rather than deposition time.

Fig. 1.10. Schematic illustration of the Al2O3 ALD process using trimethylaluminum (TMA)
and water (H2O) as precursors.
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Through repeated pulse–purge cycles, ALD builds ceramic films in a layer-by-layer manner,

producing amorphous or nanocrystalline oxides and nitrides with thicknesses typically in the

nanometer scale on nano- and micro-lattice scaffolds. This self-limiting nature of ALD is critical

for achieving highly uniform coatings across high-aspect-ratio struts, internal cavities, and

tortuous geometries that are inaccessible to conventional line-of-sight deposition methods [58].

Beyond thickness control, ALD process parameters, including growth temperature, precur-

sor chemistry, plasma assistance, and substrate bias, have pronounced effects on film density,

crystallinity, residual stress state, and mechanical properties [57, 59–61]. For ALD Al2O3,

systematic studies have shown that films grown from TMA and H2O typically exhibit tensile

residual stresses on the order of hundreds of megapascals, with the magnitude of tensile stress

decreasing strongly with increasing deposition temperature (Figure 1.11b).

Fig. 1.11. The residual stress of the ALD Al2O3 as a function of (a) film thickness (deposited
at 300 ◦C) and (b) growth temperature (100 nm film thickness). The symbols present average
stress values and bars present calculated maximum error values. Comparison of (c) elastic
modulus values and (b) hardness for ALD Al2O3 with published values among various deposition
temperature. Reproduced from Ylivaara et al’s work [57].
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Simultaneously, the elastic modulus and hardness increase with growth temperature as the

film densifies and transitions from a relatively porous low-temperature structure toward a more

tightly bonded oxide network, and then reach the constant value above 150 ◦C. The plasma in

PE-ALD of Al2O3 promotes more complete surface reactions and enhances film densification

of Al2O3, leading to reduced residual stress levels compared with those in thermally grown

films [62], providing an additional degree of freedom for stress-state engineering. These

characteristics establish ALD not only as a geometric coating technique but also as a powerful

tool for tailoring intrinsic film stress and mechanical response.

1.2.1.2 ALD in architected materials

The integration of ALD coatings into nano- and micro-architected materials has enabled

substantial advances in mechanical performance, particularly in hollow-beam and core–shell

lattice systems. Numerous studies have demonstrated that conformal ALD coatings can

transform polymeric or pyrolyzed scaffolds into mechanically robust ceramic architectures with

precisely defined shell thickness and highly reproducible mechanical behavior [3, 16, 17, 28,

45–50].

For instance, as shown in Figure 1.3c, ultralight octet lattices fabricated with 10 nm-thick

ALD Al2O3 shells exhibit a rare combination of high stiffness, high strength, and pronounced

energy absorption, while simultaneously recovering their original shape after compressive

strains exceeding 50% [16]. By systematically tuning the shell thickness-to-radius ratio, these

hollow ceramic nanolattices transition from catastrophic brittle fracture to a deformation

mode dominated by elastic shell buckling, enabling a ductile-like structural response despite

the intrinsically brittle nature of alumina. In this case, the deformation is primarily governed

by the stability and collapse of a thin, stiff ceramic shell, with minimal contribution from a

load-bearing core.

When combined with hierarchical architectures, as illustrated in Figure 1.12, ALD-grown

Al2O3 layers further enable the fabrication of multi-order hollow and core–shell metamaterials

that exhibit suppressed brittle failure and enhanced recoverability [47]. In these systems,

two distinct deformation mechanisms may coexist. For purely hollow ceramic hierarchies,

the response remains shell-dominated and governed by elastic buckling and progressive shell
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collapse. In contrast, for Al2O3–polymer core–shell composites, the deformation is instead

controlled by the mechanical mismatch between the stiff, brittle ceramic shell and the compliant,

ductile polymer core. Here, load transfer, interfacial shear, and progressive polymer yielding

play central roles, leading to fundamentally different failure and energy-dissipation mechanisms

compared to those of hollow ceramic shells.

Fig. 1.12. An example of ALD-coated polymer microlattices with different structural
configurations under compression. (a) Hollow Al2O3 lattice with a shell thickness of 20 nm
before compression. (d) Composite lattice consisting of a polymer scaffold coated with 20 nm
Al2O3 prior to compression. (g) Solid polymer lattice before compression. (b), (e), and
(h) Corresponding load–displacement curves of the hollow Al2O3 lattice, the Al2O3–polymer
composite lattice, and the polymer lattice, respectively. The hollow Al2O3 lattice was subjected
to cyclic compression up to 50% strain, whereas the composite and polymer samples were
compressed to 65% and 50% strain, respectively. Insets show the samples at the maximum
applied strain. (c), (f), and (i) Post-compression images of the hollow Al2O3, composite, and
polymer lattices corresponding to (a), (d), and (g), respectively. Scale bars: 50 µm. [47]

Transforming three-dimensionally written polymer microlattices into glassy carbon nanolat-

tices via pyrolysis and subsequently reinforced them with thin ALD Al2O3 coatings [17] further

illustrated that alternative material combinations are able to reshape these mechanisms. In

contrast to Al2O3–polymer composites, both the glassy carbon core and the alumina shell

are stiff and brittle solids with comparable elastic moduli and strengths at the nanoscale. As

a result, the glassy carbon–alumina architectures deform through a collective brittle-shell-

dominated mode, rather than through a soft-core–hard-shell coupling mechanism. With strut

diameters on the order of 200 nm, these structures achieved material strengths approaching the
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theoretical strength of glassy carbon (2–3 GPa), while the additional 10 nm alumina coating

further modified the load distribution and failure stresses without fundamentally altering the

underlying brittle deformation character, as shown in Figure 1.13.

Fig. 1.13. Compression experiments of pyrolysed lattices with tetrahedral unit cells. a–c,
SEM images of carbon lattices with strut lengths of (a) 2020 nm, (b) 1440 nm and (c) 970 nm,
with relative density to be 12.5 %, 15.9 %, 25.2 %, respectively. (d) Stress–strain curves
showing that strength and stiffness increase with decreasing dimensions, the abrupt increase
of strain with dash line showing the brittle failure of the lattice. (e) Stress–strain curves for
lattice structures with the same dimensions, reinforced with 10 nm Al2O3 coatings applied by
ALD; strength and stiffness are enhanced further compared to the corresponding carbon-only
structure shown in (d). (f) SEM micrograph of a fractured carbon-only structure (strut length:
970 nm), showing mostly brittle failure. All scale bars are 2 µm. [17]

Together, these examples demonstrate that ALD-enabled architected materials do not

follow a single universal deformation or toughening pathway. Instead, distinct combinations of

shell thickness, hierarchy, and constituent material pairing—ranging from hollow brittle ceramics,

to brittle–ductile composites, to brittle–brittle hybrid systems—activate fundamentally different

deformation and failure mechanisms. These mechanism-level differences ultimately govern

whether a structure exhibits recoverability, energy absorption, ultrahigh specific strength, or

structural robustness, thereby defining the application space of ALD-engineered micro- and

nanolattices.
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1.2.2 Physical vapor deposition

1.2.2.1 Process fundamentals

Physical vapor deposition (PVD) refers to a class of vacuum-based coating techniques

in which solid source materials are physically transformed into vapor-phase species and

subsequently condensed onto a substrate surface. In contrast to ALD, which relies on

self-limiting surface chemistry, PVD processes are governed by line-of-sight transport of

energetic atoms, ions, or clusters. Common PVD techniques employed for architected micro-

and nanostructures include magnetron sputtering, electron-beam evaporation, and thermal

evaporation [63, 64].

In magnetron sputtering, as illustrated in Figure 1.14, a plasma, typically formed in an

argon atmosphere, is used to accelerate Ar+ ions toward a negatively biased target material.

Momentum transfer during ion bombardment ejects target atoms, which then propagate

through the vacuum chamber and condense on the substrate to form a thin film. The kinetic

energy of the arriving species, together with substrate temperature and background pressure,

governs the resulting film density, microstructure, crystallinity, and residual stress state [65].

Fig. 1.14. The schematic exhibiting the magnetron sputtering
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Compared to ALD, PVD generally offers higher deposition rates and significantly broader

materials compatibility, encompassing ceramic oxides and nitrides, metals or alloys, and complex

multilayer stacks. This versatility has enabled the widespread use of PVD for functional coatings

across structural, electronic, and architected material systems.

A key advantage of PVD lies in its exceptional flexibility in alloy design. By co-sputtering

from multiple targets or employing pre-alloyed targets, binary, ternary, and multicomponent

alloys can be deposited with precisely controlled composition, enabling the synthesis of

medium-entropy alloys (MEAs) and high-entropy alloys (HEAs) [43, 52–54, 66]. These

studies have demonstrated that PVD-deposited HEA and MEA coatings enable architected

lattices to overcome the conventional strength–recoverability trade-off by activating synergistic

deformation mechanisms between a compliant polymer core and a high-strength metallic

shell. This core–shell coupling promotes shell-dominated strengthening while preserving elastic

recoverability through stable buckling and reversible deformation of the polymer scaffold.

However, because material transport during PVD proceeds predominantly along straight-

line trajectories, conformal coating of high-aspect-ratio or deeply recessed micro-architectures

is inherently limited by geometric shadowing. As illustrated in Figure 1.15, coating thickness

typically decreases from the exterior surfaces toward interior struts, resulting in systematic

thickness gradients within the structure [51, 55]. While such shadowing effects restrict full

conformity, they can also introduce spatially varying material distributions that may be exploited

to tailor stiffness and further modulate the mechanical response of architected lattices.

Importantly, advances in deposition configuration, including substrate rotation, target

arrangement, and process parameter optimization, have been shown to substantially improve

coating uniformity on complex three-dimensional architectures. For example, Feng et al.

demonstrated that careful control of sputtering geometry enables relatively uniform deposition of

multicomponent alloy coatings on 3D-printed polymer lattices, thereby combining architectural

design freedom with the unique compositional versatility of PVD [43]. Together, these examples

underscore the strength of PVD as a surface-engineering technique when material selection,

alloy complexity, and multilayer design are prioritized over strict geometric conformity.
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Fig. 1.15. (a) SEM image of a polymer micro-truss structure coated by magnetron sputtering,
together with a microtome-prepared cross-section of the coated truss and representative
cross-sections of individual struts, highlighting the nonuniform coating thickness arising from
the line-of-sight (shadowing) effect inherent to PVD. (b) Representative uniaxial compression
stress–strain responses of uncoated polymer and metal-coated micro-truss structures with
different coating materials and thicknesses (Al: 81 and 205 nm; Inconel 600: 35 nm ; Ti-6Al-4V:
35 nm). (c) Corresponding compressive stress normalized by density (specific stress) as a
function of strain. Metal coatings significantly enhance the absolute strength and stiffness of
the micro-truss structures, while the specific mechanical response depends on both the coating
material and thickness. [55]

1.2.2.2 Multilayer ceramic coatings and micro-mechanical effects

Although PVD is inherently limited in achieving fully conformal coatings on complex

three-dimensional architectures, it offers exceptional flexibility in coating design, particularly

for the fabrication of nanoscale ceramic multilayers with precisely controlled layer sequence,

composition, and aperiodicity [67–69]. By alternately sputtering different ceramic targets,

multilayers composed of oxides, nitrides, or their combinations can be synthesized with individual

layer thicknesses ranging from a few nanometers to several tens of nanometers. At these length

scales, the resulting high density of internal interfaces becomes a dominant factor governing

mechanical behavior.

Extensive studies on PVD-deposited ceramic multilayers, including TiN/AlN and TiN/CrN

systems, have demonstrated that heterointerfaces fundamentally alter deformation and fracture

pathways compared to monolithic films [69–74]. Elastic modulus mismatch between adjacent

layers redistributes stress at the nanoscale, while differences in bonding strength, crystallinity,
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and defect density promote crack deflection, crack bifurcation, or interfacial delamination

rather than straight-through crack propagation [75]. As a consequence, fracture resistance in

multilayer ceramics becomes governed by crack–interface interactions across successive layers,

rather than by the intrinsic toughness of any single constituent phase.

Beyond simple crack deflection, enhanced fracture resistance in PVD-fabricated ceramic

multilayers arises from deliberately introduced spatial heterogeneity in mechanical properties

across the coating thickness. Experimental studies on TiN/AlN and TiN/CrN multilayers

have consistently shown that such heterointerfaces disrupt straight-through crack propagation,

leading to crack branching, stepwise fracture, and distributed damage accumulation [70–73].

Consistent with these observations, Daniel et al. demonstrated through microcantilever bending

experiments that alternating layers with pronounced differences in elastic modulus or fracture

strength modify the local crack driving force as a crack traverses the multilayer stack [69].

When a crack propagating in a stiff, brittle layer encounters a more compliant or weaker

constituent, the elastic energy release rate is reduced, promoting crack arrest or deflection

instead of catastrophic failure.

Importantly, the dominant toughening mechanism depends on the nature of the mechanical

contrast between adjacent layers. In systems such as TiN/SiO𝑥, elastic modulus mismatch

between crystalline and amorphous layers governs crack–interface interactions, whereas in

TiN/CrN or CrN/Cr multilayers with comparable elastic moduli, differences in intrinsic fracture

strength play a more significant role [69, 75]. These findings establish spatial heterogeneity

in mechanical property distributions—rather than crystallographic incoherence alone—as a

general and robust toughening strategy in ceramic multilayers.

Residual stresses further modulate these interface-driven mechanisms in substrate-bound

coatings. Differences in intrinsic growth stress and thermal expansion mismatch between

adjacent layers generate alternating tensile and compressive stress fields that locally alter the

effective stress intensity factor at the crack tip [69, 75]. While Daniel et al. isolated intrinsic

material effects using stress-relaxed freestanding microcantilevers, their results suggest that

residual stress gradients in attached multilayers can act synergistically with elastic and strength

contrasts to further suppress unstable crack propagation.
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Extending these concepts beyond periodic architectures, aperiodic multilayer sequences

introduce nonuniform interface spacing and non-repeating stress fields that disrupt preferred

fracture planes. By forcing cracks to repeatedly re-nucleate, deflect, or arrest at interfaces

with varying mechanical contrast, aperiodic multilayers promote distributed deformation and

progressive failure rather than abrupt fracture [76]. This interface-dominated and architecture-

sensitive mechanical response provides the foundation for the investigations presented in

Chapter 4.

1.3 | Microscale mechanical characterization strate-

gies

Accurate evaluation of the mechanical behavior of micro-ceramics requires test methods

capable of probing small, spatially confined volumes. Conventional bulk-scale techniques are

often unsuitable at these dimensions, motivating the use of microscale approaches such as

nanoindentation and indentation-based fracture testing. Nanoindentation enables reliable

measurement of elastic modulus and hardness within micron-sized regions, while advanced

indentation strategies, including indentation cracking and micro-pillar splitting, provide access to

local fracture toughness even in complex or heterogeneous materials. Together, these methods

form a comprehensive toolbox for characterizing the mechanical response of micro-structured

ceramics. As mentioned in the Chapter 1.2, surface engineering explores a broader materials

space for architected metamaterials. Meanwhile, it introduces an additional parameter, residual

stress in the film, to tune the performance of the coated systems, which requires a precise

measurement of the stress level within tens of nanometer thin films.

1.3.1 Evaluation of elastic modulus and hardness via nanoinden-

tation

Nanoindentation is essentially an indentation test performed at nanometer-scale penetra-

tion depths, where the residual impressions are typically only a few micrometers in size, which

is too small to be measured accurately by conventional optical methods. Consequently, the

projected contact area is determined indirectly by the penetration depth of the indenter rather
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Fig. 1.16. Expanding cavity model schematic. The contacting surface of the indenter is
encased by a hydrostatic “core” of radius 𝑎𝑐 that is in turn surrounded by a hemispherical
plastic zone of radius 𝑐. An increment of penetration 𝑑ℎ of the indenter, results in an expansion
of the core 𝑑𝑎 and the volume displaced by the indenter is accommodated by radial movement
of particles 𝑑𝑢(𝑟) at the core boundary. This in turn causes the plastic zone to increase in
radius by an amount 𝑑𝑐 [79].

than by post-mortem imaging. Beyond hardness, modern nanoindentation techniques enable

the extraction of a variety of mechanical properties, including elastic modulus, strain-hardening

behavior, fracture toughness in brittle materials, and time-dependent viscoelastic response. In

the following, only the aspects relevant to this work, such as the fundamentals of contact

mechanics and the continuous stiffness measurement (CSM) technique, are briefly reviewed.

1.3.1.1 Contact mechanics and the Oliver–Pharr method

Modern nanoindentation analysis is based on the elastic contact solution originally devel-

oped by Sneddon for axisymmetric indenters [77], and later generalized by Oliver and Pharr to

accommodate self-similar pyramidal indenters such as Berkovich and cube-corner tips [78]. The

actual deformation field beneath a sharp indenter is elastic–plastic and highly heterogeneous.

The stress state beneath the indenter is triaxial and evolves continuously with penetration

depth, making an exact analytical description of the full stress and strain distribution intractable.

Nevertheless, the contact mechanics of sharp indentation can be understood using a simplified

expanding cavity model, as schematically illustrated in Figure 1.16. The region immediately

beneath the indenter tip is commonly described as a highly confined, approximately hydrostatic

core of radius 𝑎𝑐, where stresses exceed the yield strength and plastic flow is unavoidable.

This core is surrounded by a hemispherical plastic zone of radius 𝑐, within which irreversible

25



deformation occurs under large shear stresses. Beyond the plastic zone, the material remains

elastically deformed, storing elastic strain energy that is fully recoverable upon unloading [79].

This separation of deformation regimes has important implications for nanoindentation

measurements. The indentation hardness primarily reflects the mean contact pressure required

to sustain plastic flow within the core and surrounding plastic zone, and is therefore governed

by the materials and interfaces contained within this plastically deformed volume. By contrast,

the elastic response during unloading is controlled by the elastic strain field extending well

beyond the plastic zone into the surrounding material. As a result, the unloading stiffness

is sensitive to a much larger volume of material and can be analyzed using elastic contact

solutions.

On this basis, Oliver and Pharr extended Sneddon’s elastic framework to self-similar

indenters by exploiting the predominantly elastic nature of the initial unloading response,

enabling the extraction of elastic modulus and hardness from the measured load–displacement

curve (Figure 1.17). The key idea is that the initial portion of the unloading response is

predominantly elastic, permitting direct access to the contact stiffness:

𝑆 =
𝑑𝑃

𝑑ℎ
|ℎ=ℎ𝑚𝑎𝑥

(1.3)

which characterizes how strongly the material resists elastic displacement under the applied

load.

A central quantity in nanoindentation is the contact depth ℎ𝑐, which determines the

projected contact area 𝐴(ℎ𝑐) and thus directly influences the modulus and hardness. As

illustrated in Figure 1.17a, the total penetration depth at maximum load is ℎ𝑚𝑎𝑥, but only

part of this displacement contributes to actual contact [79]. Oliver and Pharr introduced the

geometric relation

ℎ𝑐 = ℎ𝑚𝑎𝑥 − ℎ𝑎 = ℎ𝑚𝑎𝑥 − 𝜖
𝑃

𝑆
(1.4)

where the second term accounts for the elastic recovery of the surface furing unloading. The

factor 𝜖 is an intercept factor that depends on the indenter shape (typically 0.75 for pyramidal

indenters).
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Fig. 1.17. (a) Geometry of contact with conical indenter; (b) Compliance curves, loading and
unloading, from a nanoindentation experiment with maximum load 𝑃𝑚𝑎𝑥 and depth beneath
the specimen free surface ℎ𝑚𝑎𝑥 . The depth of the contact circle ℎ𝑐 and slope of the elastic
unloading 𝑑𝑃/𝑑ℎ allow specimen modulus and hardness to be calculated. ℎ𝑟 is the depth of
the residual impression, and ℎ𝑒 is the displacement associated with the elastic recovery during
unloading

Once ℎ𝑐 is known, the project contact area 𝐴(ℎ𝑐) is obtained from the idealized area

function of the indenter geometry. For perfect Berkovich, Vickers or cube-corner tips, analytical

expressions for 𝐴(ℎ𝑐) are listed in Table 1.1, corresponding to the shapes shown in Figure 1.18.

In real experiments, however, tip rounding, manufacturing tolerance and wear cause deviations

from ideal geometry, so the area function must be calibrated using a reference material such

as fused silica.

Fig. 1.18. Indentation parameters for (a) spherical, (b) conical, (c) Vickers, and (d) Berkovich
indenters (not to scale)
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Table 1.1
Projected areas, intercept corrections, and geometry correction factors for various types of
indenters. The semi-angles given for pyramidal indenters are the face angles with the central
axis of the indenter.

Indenter type Projected area Semi-angle
𝜃 (deg)

Effective cone
angle α (deg)

Intercept
factor𝑎 𝜖

Geometry
correction factor 𝛽

Sphere 𝐴 ≈ 𝜋2𝑅ℎ𝑐 N/A N/A 0.75 1
Cone 𝐴 = 𝜋ℎ2𝑐 tan

2 𝛼 𝛼 𝛼 0.727 1
Vickers 𝐴 = 4ℎ2𝑐 tan

2 𝜃 68° 70.3° 0.75 1.012
Berkovich 𝐴 = 3

√
3 ℎ2𝑐 tan

2 𝜃 65.27° 70.3° 0.75 1.034
Cube corner 𝐴 = 3

√
3 ℎ2𝑐 tan

2 𝜃 35.26° 42.28° 0.75 1.034

a The intercept factors given here are those most commonly used. The values for the
pyramidal indenters should theoretically be 0.72 but a value of 0.75 better represents
experimental data.

The reduced modulus 𝐸𝑟 is computed from the contact stiffness and projected area using

the Sneddon/Oliver–Pharr relation:

𝐸𝑟 =

√
𝜋

2𝛽

𝑆√︁
𝐴(ℎ𝑐)

(1.5)

where 𝛽 is a geometry correction factor (e.g., 1.034 for Berkovich) accounting for deviations

from perfect axisymmetry. The measured 𝐸𝑟 incorporates contributions from both the indenter

and the specimen:
1

𝐸𝑟
=

(1 − 𝑣2)
𝐸

+
(1 − 𝑣2

𝑖
)

𝐸𝑖
(1.6)

where 𝐸 and 𝑣 are the elastic modulus and Poisson’s ratio of the sample, and 𝐸𝑖, 𝑣𝑖 are those

of the diamond indenter. Because diamond is much stiffer than most materials, (1 − 𝑣2
𝑖
)/𝐸𝑖 is

small, allowing accurate extraction of the specimen modulus 𝐸 .

Hardness is defined analogously to traditional indentation, using the projected contact

area at maximum load:

𝐻 =
𝑃𝑚𝑎𝑥

𝐴(ℎ𝑐)
(1.7)

Since hardness normalizes the applied load by the true contact area, accurate determination

of 𝐴(ℎ𝑐) is essential.
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Another important consideration is that the contact depth expression in Equation 1.4

assumes a "sink-in" deformation mode, where the material surface sinks beneath the indenter

during loading. In some soft or low work-hardening materials, however, the displaced material

flows outward and accumulates around the indenter edges, producing a "pile-up" morphology.

In such cases, the true contact depth is larger than predicted, and can be approximated as

ℎ𝑐 = ℎ𝑚𝑎𝑥 + ℎ𝑎. Because pile-up leads to significant errors in the calculated contact area, and

consequently in modulus and hardness, its presence must be carefully evaluated [80, 81]. This

phenomenon does not play a role in the materials examined in this work and is therefore not

discussed further.

1.3.1.2 Continuous stiffness measurement (CSM)

Based on the conventional Oliver–Pharr analysis determining the contact stiffness 𝑆 from

the initial slope of the unloading curve, Pethica and Oliver [82] introduced the continuous

stiffness measurement (CSM) technique which provides a way to obtain 𝑆 continuously during

loading. The method superimposes a small sinusoidal displacement (or force) oscillation onto

the quasi-static loading signal, as illustrated in Figure 1.19. The resulting dynamic load and

displacement responses enable direct measurement of the contact stiffness at each penetration

depth through:

𝑆 =
𝜕𝑃

𝜕ℎ
|𝑒𝑙𝑎𝑠𝑡𝑖𝑐 (1.8)

Fig. 1.19. (a) Load–displacement response with superimposed small oscillations used to
probe the instantaneous stiffness; (b) continuously measured contact stiffness obtained by the
CSM method.

In CSM, the indenter is driven with a harmonic force of amplitude Δ𝑃𝐶𝑆𝑀 , producing

a displacement oscillation of amplitude Δℎ𝐶𝑆𝑀 typically on the order of a few nanometers.
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Because this oscillation is extremely small and applied at relatively high frequency, the

deformation associated with this perturbation is essentially elastic, where plastic flow cannot

evolve on the oscillation timescale. The ratio of the load and displacement amplitudes therefore

provides the elastic contact stiffness directly:

𝑆 =
Δ𝑃𝐶𝑆𝑀

Δ𝑠𝐶𝑆𝑀
cos 𝜙 (1.9)

where 𝜙 is the phase lag between load and displacement. For materials with predominantly

elastic response (e.g. metals and ceramics at room temperature), 𝜑 is typically very small

and often treated as zero, whereas time-dependent or viscoelastic behavior leads to a finite

phase lag. Importantly, the dynamically measured stiffness 𝑆 is the same quantity that

enters the Oliver–Pharr equations (Equation 1.5) for determining modulus and hardness.

CSM simply provides a more direct and depth-resolved measurement route. To interpret

the oscillatory response quantitatively, the instrument and specimen can be represented by

a mass–spring–damper system, as shown schematically in Figure 1.20 [83]. The measured

dynamic response is governed by the combined stiffness and damping of the contact and the

instrument frame. Solving the harmonic oscillator yields the relations

𝑆 =


1

𝐹0

𝑧0
cos 𝜙 − (𝐾𝑠 − 𝑚𝜔2)

− 1

𝐾 𝑓


−1

(1.10)

𝐷𝑠 𝜔 =
𝐹0

𝑧0
sin 𝜙 − 𝐷𝑖 𝜔 (1.11)

where 𝐹0 and 𝑧0 are the imposed harmonic force and displacement amplitudes, 𝜔 is the

excitation frequency, 𝑚 is the effective mass, 𝐾𝑠 is the supporting spring stiffness, 𝐷𝑖 is the

instrument damping, and 𝐾 𝑓 is the frame stiffness. During a CSM test, 𝜔, 𝐹0, 𝑧0, 𝜙 are

measured or imposed, while 𝑚, 𝐾𝑠, and 𝐷𝑖 are instrument-specific constants provided by

calibration. The frame stiffness 𝐾 𝑓 , however, must be carefully calibrated to ensure accurate

extraction of the true contact stiffness.
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Once 𝑆 is obtained from Equation 1.10 and 1.11, it can be directly substituted into the

Oliver–Pharr formalism to compute the reduced modulus, sample modulus, and hardness as

a function of depth. This capability makes CSM particularly powerful for characterizing thin

films, multilayers, graded coatings, and heterogeneous microstructures. The quantity 𝐷𝑠 𝜔

additionally contains information on viscoelastic energy dissipation, though this aspect is not

further discussed here.

The inclusion of the instrument dynamics here serves to underline a practical but crucial

point that reliable material properties can only be obtained when instrumental compliance is

accurately calibrated, the sample is securely mounted to ensure a rigid mechanical coupling, and

the system exhibits stable drift behavior throughout the test. Because CSM measurements are

highly sensitive to external vibration, thermal drift, and machine dynamics, proper experimental

control ensures that the extracted stiffness truly reflects the specimen response. Detailed

calibration and setup procedures are provided in the G200 manual [83], and once implemented,

the method yields robust, material-specific results.

Fig. 1.20. Equivalent harmonic oscillator model describing the dynamic interaction between
the specimen contact stiffness 𝑆, instrument stiffness 𝐾𝑠, frame stiffness 𝐾 𝑓 , and damping
components.

1.3.1.3 The properties determination of thin film via CSM

As clarified above, the CSM technique provides depth-resolved measurements of stiffness

and modulus, which is particularly powerful for characterizing thin films and coatings. This

capability is essential for the materials studied in Chapter 3 and 4 , where mechanical properties

must be evaluated within films of limited thickness. However, interpreting indentation data

31



Fig. 1.21. (a) The contribution to 𝐸𝑒 𝑓 𝑓 from the film includes that from the localized support
from the indentation stress field. (b) For a geometrically similar indenter, the indentation
scales with 𝑎/𝑡. The modulus of the film 𝐸 𝑓 is found by extrapolating measured values of
𝐸𝑒 𝑓 𝑓 to 𝑎/𝑡 = 0 [79]

from thin films is non-trivial because a film of finite thickness is supported by a mechanically

distinct substrate, as illustrated in Figure 1.21. Consequently, the measured stiffness and

modulus reflect the combined film–substrate response rather than the intrinsic properties of

the film alone [79].

A commonly cited practical guideline is that the indentation depth should remain below

approximately 10 % of the film thickness to minimize substrate effects [84–86]. In practice,

this “10 % rule” is often difficult to satisfy, especially for very thin coatings or multilayer

architectures. As a result, considerable effort has been devoted to developing analytical and

numerical models that describe the interaction between film and substrate during indentation

[87].

One of the earliest analytical approaches was proposed by Doerner and Nix [88], who

introduced an exponential weighting function to account for substrate effects in the composite

reduced modulus:

𝐸𝑟 =


1 − 𝜈 2

𝑓

𝐸 𝑓

(
1 − 𝑒−𝛼𝑡/ℎ𝑐

)
+
1 − 𝜈 2𝑠
𝐸𝑠

𝑒−𝛼𝑡/ℎ𝑐 +
1 − 𝜈 2

𝑖

𝐸𝑖


−1

(1.12)

1 − 𝜈 2𝑐
𝐸𝑐

=
1 − 𝜈 2

𝑓

𝐸 𝑓

(
1 − 𝑒−𝛼𝑡/ℎ𝑐

)
+
1 − 𝜈 2𝑠
𝐸𝑠

𝑒−𝛼𝑡/ℎ𝑐 (1.13)
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where 𝑡 is the film thickness and 𝛼 is an empirical fitting constant determined from experiments

on films of known properties. Subsequently, King [89] used finite-element simulations of flat

cylindrical and pyramidal indenters on layered systems and modified the Doerner–Nix model

by replacing the contact depth ℎ𝑐 with a, the square root of projected contact area 𝐴𝑐. With

the advent of CSM, the continuous modulus–depth profile makes it possible to identify the

onset of substrate influence directly rather than relying on a single unloading curve.

Taking advantage of this capability, Saha and Nix [86] analyzed the parameter 𝑃/𝑆2,

obtained from the Oliver–Pharr framework (Equations 1.5 and 1.7):

𝑃

𝑆2
=

1

𝛽2

𝜋

4

𝐻

𝐸2
𝑟

(1.14)

which depends only on the directly measured quantities 𝑃 and 𝑆 and is therefore independent of

tip-area calibration. For homogeneous materials, 𝐻 and 𝐸𝑟 are essentially depth-independent,

so 𝑃/𝑆2 remains constant. For film/substrate systems, however, deviations in 𝑃/𝑆2 reveal the

transition from film-dominated to substrate-dominated deformation. Saha and Nix showed

that substrate effects can be modeled by replacing the film thickness 𝑡 in King’s expression

with an effective thickness (𝑡–ℎ), where ℎ is the indentation depth. Like the Doerner–Nix

model, these approaches rely on exponential weighting functions to separate the contributions

of the film and substrate to the composite modulus 𝐸𝑐. With sufficient depth-resolved data

from CSM, 𝐸𝑐 (ℎ𝑐) can be fitted to Equation 1.13 to extract intrinsic film properties reliably.

Complementary to modulus models, energy-based methods have been developed to analyze

the composite hardness of film/substrate systems. Korsunsky et al. [90] and Tuck et al. [91]

proposed a widely used hardness model based on indentation work, expressed as:

𝐻𝑐 = 𝐻𝑠 +
𝐻 𝑓 − 𝐻𝑠

1 +
[
(ℎ/𝑡)/𝛽0

]𝑋 (1.15)

where 𝐻𝑠 and 𝐻 𝑓 are the intrinsic substrate and film hardness, respectively, and 𝛽0 and

𝑋 are two fitted constants. By plotting composite hardness 𝐻𝑐 versus log(ℎ/𝑡), both film

and substrate hardness can be extracted. This model has been successfully applied over a
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wide range of indentation scales (nano to macro) and for systems spanning hard-on-soft and

soft-on-hard architectures.

Together, these analytical and semi-empirical frameworks form the theoretical basis for

interpreting CSM-generated modulus and hardness data in thin films and multilayers. They

are essential for extracting reliable intrinsic material properties from indentation tests where

substrate effects are otherwise unavoidable.

1.3.2 Evaluation of fracture toughness via pillar splitting method

1.3.2.1 Fracture mechanics

In general, the strength of a material is defined as the maximum stress it can sustain

before failure, which for a dense, defect free solid is theoretically on the order of 𝐸/10. In

real engineering materials, however, the measured strength is always much lower due to the

inevitable presence of micro cracks, flaws or voids that cause severe stress concentration [92].

Thus, beyond simply quantifying strength, it is also vital to understand how and why materials

fail. Specifically, it requires insight into how cracks originate and propagate under external

loads, which is essential for predicting failure, designing safer structures, and improving the

reliability of engineering components.

The modern theory of fracture traces back to the pioneering work of Griffith in 1920,

who first proposed that fracture in brittle solids is governed by an energy balance between the

elastic strain energy released and the surface energy required to create new crack surfaces

[93]. A crack of half-length 𝑎 in a infinite plate under plane stress (Figure 1.22) can grow only

when such growth leads to a decrease (or no net increase) in the total potential energy. This

consideration yields the classical Griffith equation:

𝜎 𝑓 =

√︂
2𝐸𝛾𝑠
𝜋𝑎

(1.16)

where 𝛾𝑠 is the surface energy of the material, 𝐸 is the Young’s modulus.

While Griffith’s theory successfully describe brittle materials such as glass, it fails to

account for the significantly higher fracture resistance observed in most structural metals.

Irwin [94] and Orowan [95] independently extended the Griffith’s expression by incorporating
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Fig. 1.22. A through-thickness crack in an infinitely wide plate subjected to a remote tensile
stress.

the plastic work dissipated in the crack tip process zone. The effective surface energy thus

becomes:

𝜎 𝑓 =

√︂
2𝐸 (𝛾𝑠 + 𝛾𝑝)

𝜋𝑎
(1.17)

where 𝛾𝑝 is the plastic work per unit new surface area, typically much larger than 𝛾𝑠. In an

ideally brittle solid, a crack can be formed merely by breaking atomic bonds; 𝛾𝑠 reflects the

total energy of broken bonds pure unit surface area created. In metals, crack propagation

involves not only bond rupture but also extensive dislocation activity near the crack tip, giving

rise to substantial plastic dissipation.

A major conceptual advance was introduced by Irwin, who reformulated fracture using an

energy-based parameter, the energy release rate, 𝐺, defined as the mechanical energy available

for an increment of crack growth [96]. For an infinite plate in plane stress containing a crack

of length 2𝑎 in Figure 1.22, the energy release rate is:

𝐺 =
𝜋𝜎2𝑎

𝐸
(1.18)

Irwin subsequently showed that the near-tip stresses exhibit a universal square-root

singularity and introduced the stress intensity factor 𝐾, which characterizes the amplitude of
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this singular field 1.23 [97],

𝜎𝑖 𝑗 = ( 𝐾
√
2𝜋𝑟

) 𝑓𝑖 𝑗 (𝜃) (1.19)

where 𝑟 and 𝜃 are polar coordinates centered at the crack tip, 𝜎𝑖 𝑗 is the stress tensor, 𝑓𝑖 𝑗 (𝜃)

are angular functions determined by the crack geometry and loading mode. For mode I loading,

𝐾𝐼 = 𝜎
√
𝜋𝑎 (1.20)

The critical condition for crack extension is reached when 𝐾𝐼=𝐾𝑐, the fracture toughness. The

relationship between 𝐺𝑐 and 𝐾𝑐 is:

𝐾𝑐 =


√
𝐸𝐺𝑐 for plane stress,√︂
𝐸𝐺𝑐

1 − 𝜈2
for plane strain.

(1.21)

and under plane strain deformation, the toughness is denoted 𝐾𝐼𝑐, which is widely accepted as

an intrinsic material property.

Fig. 1.23. Definition of the coordinate axis ahead of a crack tip. The z direction is normal to
the page.

1.3.2.2 Indentation crack

With the advancement of fracture mechanics, sharp indentation has emerged as a powerful

microscale probe not only for hardness and modulus, but also for evaluating the fracture

toughness, especially in brittle materials [98–102]. Unlike conventional fracture toughness

tests, indentation does not require a pre-crack. Rather, deformation-induced flaws are naturally

nucleated under the complex stress fields generated beneath the indenter. Sharp contacts
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produce extremely high stress gradients, and in the case of ideal elastic contact even true

singularities, which are partially relieved by localized inelastic deformation.

As illustrated in Figure 1.24, the simplified elastic-plastic model proposed by Marsh [103]

divides the indentation field into three characteristic regions. Immediately beneath the indenter

lies an outwardly expanding "hydrostatic core" that exerts uniform pressure on the surrounding

material. This core is enclosed by a "plastic region", within which material flow is governed by

a yield criterion. Surrounding the plastic zone is the elastic "matrix", which deforms elastically

under the applied load. It is worth noting that this model assumes a nearly spherical symmetry

of the plastic boundary. However, for cone or pyramid indenters with small included angles,

the plastically deformed material tend to pile up along the indenter faces, thereby breaking the

symmetry.

Another important point is that the material within the plastic zone necessarily undergoes

permanent deformation during a complete loading and unloading cycle. Consequently, the

initial stress-free state in the surrounding elastic matrix can never be fully recovered. A residual

stress field therefore remains in the unloaded material, typically containing a significant tensile

component even though its distribution differs substantially from that in the fully loaded

state. In practice, deformation-induced flaws tend to nucleate at points of intense stress

Fig. 1.24. Model for elastic-plastic indentation problem. Dark region denotes "hydrostatic
core", shaded region denotes "plastic zone", and surrounding region denotes "elastic matrix".

concentration ahead of locally constrained bands or zones of inelastic deformation. Once a

particular flaw reaches a critical configuration, it evolves into a dominate crack and enters a

regime where Griffith’s energy balance becomes applicable. During crack advance, mechanical

energy released from the indentation field is converted into new surface energy. For example,
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Figure 1.25 shows a typical Vickers indentation illustration the nucleation of median cracks

during loading and the subsequent propagation of radial cracks upon unloading [102].

Fig. 1.25. Idealized deformation and fracture pattern for Vickers pyramid indentation, showing
(a) initiation and (b) propagation of median cracks, with the inset illustrating the crack-tip
stress field. The characteristic length scales 𝑎 and 𝑐 correspond to the deformation and fracture
processes, respectively; 𝑎 represents the equivalent contact radius (denoted 𝑎𝑐 in the main
text), and 𝑐 is the radial crack length.

The driving force for indentation-induced crack growth is still described by the stress

intensity factor [102]. In the vicinity of a crack tip, the stresses take the familiar asymptotic

form

𝜎𝑖 𝑗 = 𝐾𝐼𝑔𝑖 𝑗 (𝜃)/
√
2𝜋𝑟 (1.22)

where the 𝑔𝑖 𝑗 (𝜃) are angular functions defining the near-tip field. Crack advance occurs when

the applied intensity 𝐾𝐼 reaches the critical value 𝐾𝑐, so that 𝐾𝑐 provides the quantitative

measure of the material’s fracture toughness under indentation loading.

Although the indentation stress field is highly complex, the fully developed median–radial

crack system adopts a remarkably simple geometry. Once the crack grows well beyond the

plastically deformed region (𝑐 » 𝑎𝑐 in Figure 1.25), the near-tip fields are no longer sensitive

to the details of the indentation contact but are instead governed by the symmetric opening

of a penny-shaped flaw embedded in an approximately uniform far-field residual tensile stress.

Using Sneddon’s solution for the strain energy of a penny crack [104] , and applying the Griffith

definition 𝐺 = 𝑑𝑊/𝑑𝐴, the energy release rate for a crack of radius 𝑐 scales as

𝐺 ∼ 𝜎2𝑐

𝐸
(1.23)
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where 𝜎 is an effective tensile stress representing the elastic recovery and residual opening

forces generated during unloading. This scaling underlies the classical LEM indentation fracture

relations. Dimensional considerations, together with the elastic–plastic analyses underlying the

classical LEM model [98], show that this effective stress depends on the indentation load 𝑃

and the contact scale 𝑎 through

𝜎 ∼ ( 𝐸
𝐻
)1/2 𝑃

𝑐2
(1.24)

so that substitution into the Griffith–Irwin relation 𝐾𝐼=
√
𝐸𝐺 yields a stress-intensity factor of

the form

𝐾𝐼 ∼ ( 𝐸
𝐻
)1/2 𝑃

𝑐3/2
(1.25)

Since crack propagation requires 𝐾𝐼=𝐾𝑐, the indentation toughness relation can be expressed

in the widely adopted LEM form

𝐾𝑐 = 𝛼

√︂
𝐸

𝐻

𝑃

𝑐3/2
(1.26)

where 𝛼 is a dimensionless coefficient that depends primarily on the indenter geometry and

the crack-shape assumptions. This relation is valid for well-developed median/radial cracks

(𝑐 >> 𝑎𝑐) and forms the basis of most indentation toughness measurements in brittle ceramics.

1.3.2.3 Indentation crack types

During sharp indentation of brittle materials, a variety of crack geometries may develop

depending on the indenter shape, the applied load, and the material’s deformation characteristics

(Figure 1.26).
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Fig. 1.26. The five major crack types in indentation cracking

Although these cracks are often classified into distinct categories, they are not independent

phenomena; rather, they represent different geometric expressions of the same underlying

stress field acting at different stages of loading and unloading. Figure 1.26 summarizes the five

principal crack types commonly observed in indentation fracture: median, radial, half-penny,

Hertzian cone, and lateral cracks.

• Median Cracks

Median cracks form beneath sharp indenters during loading. They initiate below the

indenter tip in the region of high axial tensile stress and extend downward, approximately

symmetric about the indentation axis. Median cracks develop while the indenter is still in

contact, driven by the tensile components generated by elastic–plastic mismatch beneath the
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indenter. Once stablized, a median crack adopts a vent-like subsurface shape, which in far-field

approximation behaves as a penny-shaped crack. This geometry is crucial for deriving the

LEM scaling laws used to evaluate fracture toughness.

• Radial cracks

Radial cracks emanate from the corners of a Vickers or Berkovich indentation impression

during unloading. They initiate at the free surface, where tensile residual stresses peak as

the plastically deformed zone attempts to recover elastically. These cracks propagate outward

and downward and are commonly used in indentation toughness measurements, where the

crack length 𝑐 is taken along the radial trace. It is worth noting that in some materials,

particularly hardmetals, superficially similar surface cracks may appear during loading. These

cracks remain shallow and surface-localized, forming the so-called Palmqvist crack geometry,

in which only the short surface trace is observed. Although they may resemble the early stages

of a radial crack, Palmqvist cracks are mechanically distinct and do not correspond to the long

through-thickness radial cracks relevant for toughness evaluation.

• Half-penny cracks

A half-penny crack represents the fully developed form of the median crack. As indentation

load increases or in materials with limited plasticity, the median crack grows laterally and

approaches a semi-circular (half-penny) shape in cross-section. This crack is symmetric in the

plane of indentation and corresponds to a classical penny-shape flaw in LEFM. The half-penny

geometry provides the justification for the LEM toughness relation (Eq. 1.25), as the stress

intensity field surrounding such cracks scales in a predictable manner with load and crack size.

• Hertzian cone cracks

Hertzian cone cracks are characteristic of spherical (Hertzian) indentation. They originate

at the periphery of the contact circle, where the maximum hoop tensile stress arises during

loading. Cone cracks initiate at the free surface and propagate downward along a conical

surface. They are typically observed in glasses and other highly brittle solids indented with

spherical or blunt indenters. Cone cracking involves minimal plasticity and represents the

classical Hertzian fracture mode.

• Lateral Cracks

41



Lateral cracks nucleate beneath the indenter during unloading and propagate approximately

parallel to the surface. They are driven by tensile residual stresses concentrated near the

elastic–plastic boundary. Lateral cracks are responsible for chipping, spalling, and substantial

material removal, dominating the final failure morphology at high loads or in extremely brittle

materials. While they do not directly contribute to the LEM toughness formulation, the

emergence of lateral cracks marks the limit of the stable median–radial crack configuration.

Once lateral cracking occurs, the simple scaling relations underlying indentation toughness

measurements no longer apply.

1.3.2.4 Advanced Indentation Cracking Techniques: Micro Pillar Splitting

Although indentation cracking provides a convenient means for probing fracture resistance,

its practical application is often limited by uncertainties associated with crack morphology,

surface-trace identification, and the need to accurately measure crack lengths. The complex

elastic–plastic stress field beneath a sharp indenter further complicates interpretation, as

different crack systems (median, radial, Palmqvist, lateral) may be activated depending on

load, geometry, and material response. These factors make conventional indentation-based

toughness measurements sensitive to crack-shape assumptions and prone to significant scatter.

To overcome these limitations and to enable quantitative toughness measurements at the

microscale without relying on post-mortem crack length measurements, an advanced approach,

the pillar indentation splitting method, was developed [105]. In this technique, a micro-pillar

of radius 𝑅 is fabricated by focused ion beam (FIB) milling and subsequently loaded with a

sharp indenter (Figure 1.27), which generates a well-defined and highly reproducible tensile

stress field within the pillar. Instead of forming surface cracks that must be optically measured,

the pillar undergoes a sudden axial splitting event at a critical load 𝑃𝑐, recorded as a clear

pop-in in the load–displacement curve. This event corresponds to the initiation of a mode-I

fracture along a nearly vertical plane.

Although both indentation cracking and pillar splitting involve subsurface tensile stresses,

the origins and distributions of these stresses differ fundamentally. In conventional indentation of

a bulk specimen, the stress state is strongly influenced by the free surface and by elastic–plastic

mismatch beneath the indenter. These factors produce a localized subsurface tensile zone from
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Fig. 1.27. (a) Example of a CrN pillar after splitting. (b) Load-displacement curves for CrN
pillars, highlighting the critical load,𝑃𝑐, corresponding to the crack ‘popping out’ to the side
surface, and pillar splitting [105]

which median cracks originate, and upon unloading, surface-connected radial cracks emerge. In

contrast, pillar indentation involves a confined three-dimensional geometry in which the tensile

stress field is volume-dominated and peaks along the pillar axis. This geometric constraint

drives an internal axial splitting instability rather than the surface-activated crack systems

observed in standard indentation tests. Consequently, the characteristic length scale governing

fracture is the pillar radius 𝑅, rather than a surface-measured crack length.

Because the splitting crack spans the pillar height and the stress field remains geometrically

self-similar for any sufficiently sharp indenter, the resulting toughness scaling is universal for

Berkovich, cube-corner, and other pyramidal geometries. The proportionality constant 𝛾 in the

resulting relation is obtained through cohesive-zone finite-element simulations, which account

for effects such as pillar aspect ratio, indenter geometry, friction, and crack-path stability. This

leads to the calibrated expression

𝐾𝐼𝑐 = 𝛾
𝑃𝑐

𝑅3/2 (1.27)

where 𝛾 is a geometry-dependent coefficient determined numerically. A key advantage of this

method is that neither crack geometry nor crack size needs to be measured, and the stress

field driving fracture is far more controlled and interpretable than in conventional indentation

cracking.
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Finite element modeling (FEM) plays a central role in the quantitative interpretation of

the pillar indentation splitting method, as the determination of the calibration coefficient 𝛾 in

Equation 1.27, which converts the critical load 𝑃𝑐 into the fracture toughness 𝐾𝑐, relies entirely

on numerical simulation. This coefficient cannot be obtained analytically because the stress

field within a confined micropillar arises from complex three-dimensional interactions between

the indenter, the pillar geometry, and the underlying substrate. FEM is therefore indispensable

for establishing an accurate 𝛾 value and enabling quantitative toughness measurement.

Beyond calibration, FEM offers essential physical insight into the mechanics of micro-pillar

splitting. It enables direct visualization of the three-dimensional tensile stress distribution

generated by a sharp indenter. The information is extremely difficult, if not impossible, to

obtain experimentally. Simulations can also track the evolution of the crack front during the

splitting process (Figure 1.28b–c), thereby linking the experimentally observed load drop to

the underlying fracture mechanics that trigger the instability, which is very important for the

interpretation for the phenomenon in Chapter 3.

Because the test involves a sharp pyramidal tip, the contact problem is often simplified

by exploiting indenter symmetry. A representative six-fold symmetric slice is commonly used in

FEM (Figure 1.28a), reducing computational cost while preserving the essential features of

the stress field. The material is typically modeled as linearly elastic prior to fracture, while

cohesive zone elements or pre-inserted cracks may be introduced to simulate crack initiation

and propagation. Appropriate boundary conditions must constrain the substrate without

introducing artificial stiffness. Together, these modeling components allow FEM to accurately

reproduce the stress evolution and fracture processes observed in the actual experiment.

Following its introduction as a fracture-toughness test for thin ceramic coatings, the

pillar indentation splitting method has undergone substantial development and rapid expansion

into a wide range of material systems. Early studies concentrated on validating the method,

understanding the sources of scatter, and clarifying the influence of indenter geometry [106–

108]. Increasing indenter sharpness enhances the local stress concentration and reduces the

critical load at which splitting occurs; nevertheless, the resulting toughness values remain

essentially insensitive to the indenter angle when an appropriately calibrated 𝛾 factor is used

(Figure 1.29). This finding highlights the intrinsic robustness of the method and indicates
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Fig. 1.28. (a) The finite element mesh used in the simulations of pillar indentation fracture;
Crack geometries during pillar splitting (b) just before and (c) just after the instability load,
the indenter has been removed for clarity [105].

that discrepancies between measurements are governed more by calibration accuracy and

load alignment than by the choice of indenter. Complementing this, Lauener and co-workers

quantified the influence of positional misalignment, showing that the indenter must be centered

within approximately 10% of the pillar diameter to avoid asymmetric loading (Figure 1.30),

and evaluated both the contribution of FIB-induced damage and the feasibility of extending

the technique to elevated temperatures.

As the pillar splitting method matured, it was rapidly adopted for solid-state electrolytes

and cathodes [109], materials for which traditional indentation cracking often fails due to

porosity, grain-size gradients and limited crackability. Mechanical stability is critical in these

systems, as cycling-induced volume changes and internal stresses may cause cracking and

eventual cell failure. Consequently, understanding their intrinsic crack resistance is essential.

The pillar splitting test enables direct access to the toughness of the essentially pore-free solid

phase, as demonstrated for LLZO-based electrolytes where fully dense samples cannot be

produced experimentally [110]. Subsequent studies on LLZO and LATP by Nonemacher et al.

[111] and Yan et al. [112] showed that the method can resolve toughness at the level of single
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Fig. 1.29. (a) Pillar splitting in three different materials tested using indenters with varying
tip angles; (b) average critical splitting load as a function of indenter angle for each material;
(c) corresponding apparent fracture toughness plotted against indenter angle [107].

grains and polycrystals, including the influence of crystallographic orientation. These findings

highlight the technique’s capability for localized, microstructure-specific toughness assessment,

which is crucial for evaluating the reliability of solid-state battery materials.

With its capability to probe fracture behavior at the micrometer scale, the method has

also been widely adopted for heterogeneous and composite materials, where local variations in

composition and microstructure govern failure. Zhou et al. [113] applied micropillar splitting

to a dual-phase proton-conducting ceramic, identifying distinct partial- and full-splitting events

in the load–displacement curve and linking the intrinsic toughness to crack deflection at phase

boundaries. More recently, Li et al. [114] used the technique to dissect the fracture resistance

of individual constituents within SiC 𝑓 / BN/SiC composites, demonstrating that phase-specific

toughness can be directly measured within a single composite, as shown in Figure 1.31. The

growing interest in microscale fracture behavior has also driven the widespread adoption of pillar

splitting in multilayer coatings and thin-film systems. White et al. [76, 115] used the method

to assess fracture resistance in optical dielectric multilayers, such as AlN/SiO2, TiO2/SiO2,

and AlN/Al2O3, revealing clear correlations between nanoscale layer design and mechanical

robustness. Similar efforts by Xia et al. [116, 117] showed that multilayer and fully coated
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Fig. 1.30. Apparent fracture toughness as a function of the radial offset from the pillar center
for a pillar of radius 2.5 µm, with the indenter tip radius indicated. [108].

Fig. 1.31. (a–b) SEM images of SiC 𝑓 /BN/SiC𝑃𝐼𝑃; (c–d) SEM images of
SiC 𝑓 /BN/SiC𝐶𝑉𝐼+𝑃𝐼𝑃; Load-displacement curves and morphology of micropillar splitting:
(e) SiC fiber; (f) CVI-SiC matrix; (g) PIP-SiC matrix; (h) SEM images before and after
micropillar splitting.

diamond-like carbon films on silicon micro pillar substrate can be reliably characterized even

when the coating thickness is only a few micrometers, underscoring the method’s suitability

for thin, hard coatings. Beyond room temperature, pillar splitting has proven effective under

elevated thermal conditions. Best et al. [118] demonstrated controlled splitting of nitride

coatings up to 500 °C, while Kanjilal et al. [119] employed in-situ high-temperature testing

to map the brittle-to-ductile transition of CaAl2 Laves phase, showing increased apparent

toughness prior to the onset of plastic deformation. The method has further been applied

to complex materials such as radiation-damaged minerals and thermal-barrier coatings. For

instance, Beirau et al. [120] resolved toughness variations of radiation-damaged zoned zircon
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with the increased amorphous fraction. Recent studies on YSZ-based TBCs have linked thermal-

cycling-induced microstructural evolution to local changes in fracture resistance and optimize

the thermal barrier performance[121, 122]. These applications collectively demonstrate the

versatility of pillar splitting across coatings, thin films, and thermally or structurally complex

ceramics.

1.3.3 Evaluation of residual stress via FIB-DIC

Residual stress is an internal stress field that remains in a material or structure in the

absence of externally applied loads. In micro- and nano-scale ceramic systems, residual stress

becomes particularly important because the characteristic dimensions are small and the surface-

to-volume ratio is high, so even ultra-thin coatings can strongly affect the local mechanical state

of the whole component. As discussed in the previous Chapter 1.2, residual stress is not merely

a secondary byproduct of processing, but also can be treated as an active parameter governing

crack initiation, crack-path selection, and the apparent fracture resistance of the coated system.

Therefore, a local, depth-sensitive characterization to provide precise determination of stress

level is essential. Among the available approaches, focused ion beam–digital image correlation

(FIB-DIC) has emerged as a powerful method for probing residual stress in thin films with

sub-micrometer lateral resolution and depth resolution down to tens of nanometers [123].

1.3.3.1 Origins of residual stress in thin films

Residual stress in thin films generally arises from two main contributions: intrinsic (growth-

induced) stress and thermal stress [124]. Intrinsic stress develops during film growth as atoms

or molecular species adsorb, react, and incorporate into the evolving film, leading to strain

accumulation through densification, defect incorporation, grain coalescence, or incomplete

structural relaxation. In ALD films, this contribution is often dominant because the layer is

built through a self-limiting cycle-by-cycle process, and low deposition temperature, limited

atomic mobility, and incomplete network condensation can result in significant tensile stress

[57]. In PVD films, intrinsic stress is likewise governed by growth conditions, but additional

effects such as energetic particle bombardment, atomic peening, and texture evolution can

play a major role [125]. As a result, PVD coatings often exhibit pronounced through-thickness
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stress gradients, especially in multilayer systems where local growth conditions change at each

interface.

Thermal stress originates during cooling from the deposition temperature because of

the mismatch in thermal expansion between the film and the substrate. Depending on the

relative contraction of the two materials, the resulting stress in the film may be tensile

or compressive. In ultra-thin coatings, the final residual stress is often determined by the

combined effect of growth-induced and thermal contributions, and may also depend strongly

on film thickness, since thinner films generally retain less relaxed stress states. For brittle

micro-ceramics, residual stress is especially important because it directly affects crack initiation

and propagation. Depending on the crack geometry and stress state, it may either enhance or

reduce the apparent fracture resistance, making accurate local stress characterization essential.

1.3.3.2 Focused ion beam–digital image correlation (FIB-DIC)

Focused ion beam–digital image correlation (FIB-DIC) is a semi-destructive residual stress

measurement technique that combines incremental FIB milling, high-resolution SEM imaging,

and image-based displacement tracking to quantify local stress relaxation [123, 126, 127]. The

method is particularly attractive for micro-scale coated systems because it is applicable to

both crystalline and amorphous materials, provides site-specific information, and offers spatial

resolution that is difficult to achieve with conventional X-ray-based techniques.

The basic principle of the method is to progressively release the pre-existing residual

stress by milling an annular trench around a small central island. As the material is removed

step by step, the constrained strain stored in the film is partially relieved, producing a small

deformation of the island surface. This deformation is measured by DIC from a sequence of

SEM images, yielding the strain-relief profile as a function of milling depth. However, the

experimentally measured strain relief is not itself the original residual stress; rather, it is the

elastic response of the system to local material removal. Therefore, an inverse analysis is

required to reconstruct the underlying stress state from the measured strain evolution.

A convenient framework for this reconstruction is the eigenstrain formulation. In this

context, eigenstrain represents the inelastic strain permanently introduced during film growth.

It can be regarded as the source of the residual stress field. When part of the stressed material
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is removed, elastic compatibility is altered and a fraction of the stored elastic strain is released,

but the eigenstrain itself remains the intrinsic quantity associated with the material state [123].

For this reason, the strain-relief profile obtained during incremental milling can be inverted to

recover the eigenstrain distribution as a function of depth, from which the residual stress profile

is subsequently determined through Hooke’s law using the elastic constants of the coating.

To perform this inversion, a calibration relationship is required between the normalized

milling depth ℎ/𝐷 and the measured strain relief, where ℎ is the milling depth and 𝐷 is the

inner diameter of the annular trench. This relationship is expressed through the strain-relief

function and its corresponding master influence function. The need for an influence function

arises because the measured surface strain at a given milling step does not depend only on

the stress state at that exact depth, but on the cumulative stress redistribution produced by

all previously removed material. The influence function therefore describes the sensitivity of

the measured strain relief to eigenstrain located at a given normalized depth, allowing the

experimental signal to be translated into the underlying eigenstrain profile.

A key aspect of the method is that the average strain is usually not taken over the entire

top surface of the ring-core island. The outer perimeter is often affected by FIB artifacts,

taper, redeposition, or local damage, which can degrade DIC accuracy. For this reason, strain

is evaluated over an inner effective area, commonly defined by a reduction factor relative to

the full pillar radius. In the present work, an 80% reduction factor was adopted, following

established practice in eigenstrain-based FIB-DIC analysis. For a reduction factor of 0.8,

the fitted influence-function parameters are 𝛼 = 8.813, 𝛽 = 6.647, and 𝛾 = 53.852. The

corresponding strain-relief function can be written as

𝑓
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and the associated master influence function is obtained by differentiation:
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Based on this formulation, the measured strain-relief profile is first converted into the

eigenstrain depth profile, and the residual stress is then calculated from the elastic constitutive
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relation. In this thesis, the coating modulus used in this step was independently obtained from

nanoindentation after substrate-effect correction. An important feature of the method is that

its sensitivity depends strongly on the normalized milling depth. Previous analyses showed

that the most reliable sensitivity is achieved only within a limited range of ℎ/𝐷, whereas very

shallow cuts may be affected by trench geometry and stress concentration, and deeper cuts

progressively lose sensitivity. Consequently, the ring-core diameter must be selected according

to the thickness range of interest, which is particularly important for ultra-thin films.

Overall, FIB-DIC is especially well suited to the present thesis because it enables local

residual stress profiling in ultra-thin ceramic coatings with high spatial resolution, while also

providing a physically grounded route from measured strain relief to eigenstrain and, ultimately,

to residual stress. This makes it a powerful tool for correlating deposition conditions, internal

stress state, and fracture response in coated micro-ceramic systems.

1.4 | Outline and objectives

Based on the discussion above, the central objective of this thesis is to establish physically

grounded strategies for tailoring fracture resistance and deformation behavior in micro-scale

ceramic systems through surface and interface engineering. As the characteristic dimensions of

ceramic components approach the microscale, their mechanical response becomes increasingly

sensitive to surface condition, residual stress, and interfacial architecture. This thesis therefore

aims to isolate and systematically investigate these effects, moving beyond bulk material

properties and architectural topology alone.

To achieve this objective, the work is structured around three interconnected research

tasks. First, a reliable intrinsic mechanical baseline for micro-fabricated silica is established.

Using TPPDLW followed by low-temperature pyrolysis, the elastic modulus, hardness, and

fracture toughness of silica are quantified and benchmarked against conventionally fabricated

counterparts. In particular, silica micropillars with varied radii are fabricated using this novel

route, and multiple pyrolysis temperatures are explored to assess the influence of size and

thermal processing on mechanical properties. This task provides a validated reference state for
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microscale silica, ensuring that subsequent modifications to fracture behavior can be interpreted

mechanistically rather than attributed to fabrication artifacts.

Second, the role of surface-induced residual stress in controlling fracture behavior is

investigated. Ultra-thin, conformal ceramic coatings deposited by ALD are employed to

introduce well-defined stress states at the surface of silica micropillars. The resulting residual

stress fields are quantified using FIB–DIC techniques. By systematically varying coating

thickness and intrinsic film stress, this study elucidates the interaction between thin-film stress

and microscale crack systems, demonstrating how residual stress can be leveraged as an active

design parameter for enhancing fracture toughness in brittle micro-ceramics.

Third, the thesis examines interface-dominated deformation and fracture mechanisms in

ceramic nanomultilayers fabricated by PVD. Focusing on optically relevant multilayer systems

with controlled aperiodicity and crystallinity contrast, this work investigates how multilayer

architecture, interface type, and local volume fraction govern crack propagation pathways,

strain localization, and mechanical reliability. These studies establish interface engineering as

a complementary strategy to stress-based toughening, particularly for functional coatings in

which optical and mechanical requirements must be balanced.

Together, these three tasks form a coherent framework for understanding and engineering

the mechanical behavior of micro-ceramics through surface and interface design. Rather than

treating fracture toughness as a fixed material constant, this thesis demonstrates how it can

be actively tuned through controlled modification of near-surface stress states and interfacial

architectures, laying the groundwork for the future development of robust, coated ceramic

metamaterials.
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CHAPTER 2

The mechanical properties of

sinterless silica

2.1 | Introduction

Glass is one of the most technologically indispensable inorganic materials, owing to its

outstanding optical transparency, excellent thermal and chemical stability, and robust long-term

mechanical reliability. These attributes underpin its widespread use in micro-optics, photonics,

microelectromechanical systems (MEMS), microfluidics, and emerging nanophotonic devices

[128–130]. However, glasses and especially high-purity glasses such as fused silica glass are

very difficult to shape, which requires high-temperature melting and casting process from

macroscopic objects or hazardous chemicals for microscopic features [131]. Specially, the

conventional shaping methods such as etching or laser milling, FIB milling, are constrained

to planar or quasi-planar geometries, which is not suitable for some complex shapes in micro

devices on chips [128, 132]. These drawbacks largely limited the application of silica in micro

devices.

In contrast, three-dimensional (3D) micro-printing technologies offer nearly unconstrained

geometric freedom, enabling the realization of complex free-form architectures that are

inaccessible to traditional top-down methods. However, direct 3D printing of silica glass has

historically relied on particle-loaded resins followed by high-temperature sintering (typically

above 1100 ◦C, [133–136]), which restricts compatibility with on-chip integration and severely

limits resolution and materials integration.

A transformative advance was recently reported by Bauer et al., who introduced a sinterless,

low-temperature two-photon polymerization (TPP) route for fabricating optical-grade fused
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silica using a particle-free polyhedral oligomeric silsesquioxane (POSS) precursor [137]. Unlike

conventional particle-based routes, this method leverages a continuous silicon–oxygen molecular

network that converts into dense amorphous SiO2 at temperatures as low as 650 ◦C. This

breakthrough reduces the processing temperature by nearly 500 ◦C, enables sub-100-nm feature

resolution, and allows direct on-chip fabrication of complex 3D silica micro- and nanostructures

with excellent optical quality and mechanical resilience. The work of Bauer et al. establishes a

fundamentally new materials platform for free-form silica microfabrication, which opens the

door for systematic mechanical investigations of architected silica at previously inaccessible

length scales.

While the optical performance and compressive strength of sinterless TPP-derived silica

have been demonstrated, a comprehensive and quantitative understanding of its local nanome-

chanical properties, particularly its fracture mechanism remains limited. As the characteristic

dimensions of silica-based components continue to shrink into the micro- and nanoscale regime,

their mechanical integrity becomes increasingly governed by size effects, surface flaws, and

fabrication-induced defects. Under such conditions, precise understanding of the intrinsic

mechanical properties of microscale silica is essential for both reliable device design and the

development of mechanically resilient micro-architected structures.

In this chapter, we systematically investigate the intrinsic mechanical properties of sinterless

TPP-derived silica fabricated through two-photon polymerization followed by pyrolysis. The

elastic modulus and hardness are quantified using continuous stiffness nanoindentation, while

the fracture toughness is evaluated using the micro-pillar splitting method with both cube-

corner and Berkovich indenters. To benchmark the reliability and transferability of this novel

fabrication route, the measured mechanical properties are directly compared with those of silica

pillars produced by established lithography- and FIB-based fabrication techniques. Beyond

method validation, this study further examines the influence of pillar size and heat-treatment

temperature on the measured fracture toughness and elastic response. By investigating silica

pillars with radii ranging from the sub-micron to several micrometers and by comparing samples

pyrolyzed at 1000 ◦C and 1100 ◦C, this chapter assesses the robustness and size independence

of the intrinsic fracture resistance of sinterless silica. These results provide a critical reference

state for the later chapters of this thesis.
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2.2 | Materials and methods

2.2.1 Micro silica fabrication

2.2.1.1 Sinterless silica micro pillars

The sinterless silica micro pillars were fabricated via TPP-DLW followed by pyrolysis,

following the approach reported by Bauer et al. [137]. The POSS-glass resin was prepared by

mixing 89 wt% acrylate-functionalized POSS monomer, 9 wt% trifunctional acrylic monomer

and 2 wt% photoinitiator of the 𝛼-aminoketone family, each component contributing specific

functionalities to the hybrid network. The TPP printing of 3D polymer-template micro pillars

followed simple standard procedures by using the Nanoscribe PPGT2 system. Therein, the

resin was drop cast onto silicon substrate and the 63X objective was directly immersed in the

resin. The printing was performed using galvo scanning mode, with a laser average power

of 20mW and a writing speed of 20 000 µms−1. Uniform circular pillars were designed with

a height-to-diameter ratio of 1 and nominal diameters of 4 µm, 6 µm, 8 µm, 10 µm, 12 µm,

which were used for the pillar splitting tests. To meet the requirements for standard CSM

testing, the pads were printed as arrays of disks with a diameter of 30 µm and heights ranging

from 6 µm to 10.5 µm. The printing strategy followed a [0/60/120/90/150/30] laminated

manner from unidirectional layers, consisting of multiple voxel-lines with a hatching distance,

and a slicing distance between neighboring layers of 0.1 µm and 0.1 µm, respectively. Each

layer was completed with a contour scan to ensure geometry uniformity. After TPP-DLW, the

printed structures were developed by immersion in isopropanol alcohol for 20min, followed

by propylene glycol monomethyl ether acetate (PGMEA) for 5min to dissolve the remaining

uncured resin. The fabricated specimens were then supercritically dried to prevent damage

from capillary forces.

After that, the as-printed polymer templates were subsequently pyrolyzed in air atmosphere

using a split tube furnace under 700 ◦C, 1000 ◦C and 1100 ◦C for three hours, respectively. The

applied heating profiles included a ramp rate of 0.5 ◦C/min, and the cooling rate is 3 ◦C/min.

During pyrolysis, all specimens underwent linear isotropic shrinkage of approximately 50%,

resulting in fused silica micro pillars with final diameters ranging from 1.98 µm to 5.61 µm,
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as shown in Figure 2.1. When comparing the Figure 2.1a, f and g, where the samples were

same for the as-printed size but sustain different processing temperature. It can be noticed

that the samples pyrolyzed at 1000 ◦C and 700 ◦C shows similar shrinkage rate, while the even

higher temperature 1100 ◦C leads to higher shrinkage, around 56 %. The pads shrank to a

final diameter of around 15 µm. Due to their relatively low height-to-diameter ratio, the pads

experienced nonuniform shrinkage during sintering, leading to a slightly uneven top surface

(Figure 2.2), which is becoming worse with the processing temperature increase.

Fig. 2.1. The representative SEM images of micro silica pillar fabricated through TPP and
followed pyrolisis at (a-e) 700 ◦C, (f) 1000 ◦C, and (g) 1100 ◦C with the radii to be (a) 2.91 µm,
(b) 1.74 µm, (c) 1.33 µm, (d) 1.27 µm, (e) 0.98 µm, (f) 2.92 µm and (g) 2.62 µm. It is worthy
to note that the SEM images in (a-c) and (e-f) were exhibited with the same magnifer.

Fig. 2.2. The representative SEM images of silica micro pads fabricated through TPP and
followed pyrolysis at (a) 700 ◦C, (b) 1000 ◦C, and (c,d) 1100 ◦C with the (d) showing the plan
view of the pad after nanoindentation test.
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2.2.1.2 Reference silica micro pillars

To validate the effectiveness of the novel approach for silica fabrication at reduced

sintering temperature, the mechanical properties of the bulk silica from traditional methods

were evaluated to be the reference. The preparation of the reference pillars for the splitting

tests was performed by a Lithography based technique and an improved FIB procedure.

• Lithography based deep reactive ion etching

The fabrication of fused silica micro-pillars followed methods primarily based on the

seminal work by Bruns et al. [138], involving lithography-assisted deep reactive ion etching

(DRIE). A 500 µm thick, 10 × 10 mm2 fused silica wafer was processed. Firstly, the 500 nm

and 100 nm thick aluminum layer was magnetron sputtered onto the front side and the back

side of the substrate respectively. The deposition was performed Alliance-Concept DP650

system. The aluminum layer serves as the mask in the front side and increase the electrical

conductivity between the sample and substrate during etching process. The etching process

contained two main steps. The aluminum mask was firstly covered with a photoresist layer

and the direct laser writer (Heidelberg MLA150) was used to patterned the photoresist layer.

Subsequently, the hard aluminum mask was patterned by Cl2/BCl3 plasma etch (STS Multiplex

ICP plasma etcher system). Next, pillar structures were etched into the silica substrate with a

high-rate plasma etch using C4F8 and O2 gases in a SPTS APS plasma etcher.

The metallic mask was removed by immersion into a commercial aluminum etchant

(ANPE, Microchemicals GmbH), then rinsed in DI water. Subsequent dicing and coating steps

protected the pillars, with a diameter of 5.16 µm and a taper angle of 6°. Further details align

closely with Bruns et al.’s work.

• Focused ion beam milling

The FIB milling procedure was optimized from the ring-core milling approach with the

Helios 5CX Dual Beam Microscope, which can minimize the FIB-induced damage on the edge

of pillars. The ring milling was carried out in a single outer-to-inner pass with a beam current

of 0.48 nA for coarse milling, followed by a final refinement and shaping process involving a

current 48 pA. The resulting pillars had an average radius of 2.51 µm and H/D ratio is nearly

1.
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2.2.2 Nanoindentation testing

2.2.2.1 Standard CSM testing

Nanoindentation tests were performed under ambient conditions using a G200 (KLA

Corporation) system with Continuous Stiffness Measurement (CSM) mode to evaluate the

elastic modulus and hardness of these silica samples fabricated from different techniques. All

CSM tests were conducted at a constant strain rate of 0.05 s−1. For the 3D printed silica,

the CSM tests were performed on the top surface of the pad with cube corner diamond tip

to eliminate edge effects from the surface curvature, as shown in Figure 2.2d. And only one

indent was tested in the center position of each pad to avoid the plastic zone overlap between

indents. Max depth was set as 400 nm and the results were evaluated in the depth range from

100 nm to 350 nm (less than 10% of the total height) to minimize the effects from the silicon

substrate. More than twenty pads were indented to make sure that at least 12 tests were used

for the evaluation. For other two types silica samples, the CSM tests were performed on the

flat surface of the wafers with a 4 × 4 array. Max depth was set as 500 nm and space between

indents is 25 µm. At least 12 tests were analyzed for final results. Machine compliance and

the indenter area function were calibrated on a fused quartz reference sample before and after

each test, following the procedure outlined by Oliver and Pharr [78].

2.2.2.2 Pillar splitting testing

The crack propagation resistance of these silica samples were evaluated through pillar-

splitting experiments. This technique involved applying an indentation load to the pillars until

fracture occurred, eliminating the need for post-test crack length measurements [105, 107,

120]. Firstly, both Berkovich tip and cube corner tip were employed on micro silica pillars with

diameter around 5 µm from three techniques to investigate the effect from the tip angle. Then

the experiments related with the investigation of size effect and processing temperature were

conducted with the cube corner tip to minimize the densification effects associated with a

blunt tip. Tip sharpness was regularly monitored, and the area function was recalibrated to

confirm stability over the entire test campaign. This minimizes the influence of tip blunting on

crack initiation loads, as discussed in previous studies [108, 139].
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The apparent fracture toughness (𝐾𝑐) was calculated using the relationship provided in

Equation (1.27). Nanoindentation pillar splitting tests were conducted at a constant strain

rate of 0.05 s−1 to assess their apparent fracture toughness. Even though the surface of the 3D

printed silica shows the slicing and hatching imprint, the fracture morphology didn’t show the

crack propagation path dependency along the imprint. The surface roughness is not expected

to influence the measured fracture response. To ensure accuracy in tip positioning [108], only

experiments with indenter tip precisely centered on the pillar surface, within 0.5 µm, were

considered. The centering was verified through post-experiment scanning electron microscopy

(SEM) imaging of residual marks on the substrate.

2.3 | Results and discussions

2.3.1 Compare with bulk materials

2.3.1.1 E&H comparison

As exhibited in the Figure 2.3, the three silica samples show overlapping mechanical

properties with minor to no differences. The elastic modulus lies in the range from 72 to

74GPa, and the hardness varies from 9 to 10GPa . Especially, the measured modulus is

consistent with the result reported in Jens’ work [137] where the pillar compression method

was employed. It is worth noting that the measurements for both lithography silica and FIB

milled silica was carried out on the polished surface of the wafer, representing the properties of

common forms of dense fused silica. In contrast, the tests of 3D printed silica were performed

on the top surface of the printed pads with Berkovich tip. The bigger scatter observed in the

depth profile of the mechanical properties likely originates from the surface unevenness caused

by the shrinkage during pyrolysis. The 3D printed silica shows slightly higher hardness (around

6%) than the other two silica samples, indicating a modest enhancement in local strength.

Overall, the results provide strong evidence that the novel 3D printing technique yield silica

with fundamental properties comparable to those produced by conventional methods, but

requiring a significantly lower sintering temperature.
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Fig. 2.3. The (a) elastic modulus, and (b) hardness of silica samples fabricated from different
techniques as a function of indentation depth. (c) Average elastic modulus and hardness
comparison of silica samples fabricated from different techniques

2.3.1.2 Fracture toughness comparison

As introduced in the Chapter 1.3.2, the pillar splitting method is employed to evaluate

the crack propagation resistance of the three silica samples. Figure 2.4a and b display the

load-displacement curves obtained from splitting tests using Berkovich and cube corner tips,

respectively. It should be noted here that the splitting result of FIB milled silica pillars under

cube corner tip is not presented since the pillars might be damaged during the FIB process and

they were not broken suitably during the splitting. The Berkovich tip, with a centerline-to-face

angle of 65.3◦, is significantly blunter than the cube corner tip (35.5◦). Consequently, the

critical crack load for the Berkovich tip ranged from 60 to 120mN, whereas it was below 7mN

when using the sharper cube corner tip. An advantage of the pillar splitting method is that the

indenter geometry does not affect the accuracy of the fracture toughness evaluation, since the

geometry factor of the tip is inherently accounted for in the coefficient 𝛾 [107]. Based on the
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Fig. 2.4. Representative load-displacement curves obtained on the micro silica pillars via
(a) Berkovich tip, and (b) cube corner tip. (c) Fracture toughness comparison for the silica
samples and the reference range.

relationship reported by Ghidelli et al. [107] between the 𝛾 coefficient and the E/H ratio, which

is obtained from the CSM results, the following values were used: for the Berkovich tip, 𝛾 =

0.18, 0.19, and 0.20 for the 3D printed, lithography and FIB milled silica samples, respectively;

for the cube corner tip, 0.55 was calculated for 3D printed silica, and 0.56 was used for both

lithography and FIB milled silica. The final results are presented in the Figure 2.4c. Firstly, for

each tip, the three silica samples show comparable fracture toughness. Using the Berkovich

tip, the measured values are 3.60 ± 0.67MPa
√
m, 2.98 ± 0.51MPa

√
m, 3.47 ± 0.33MPa

√
m

for the 3D printed, lithography, FIB milled silica, respectively. With the cube corner tip, the

corresponding values are 0.59 ± 0.06MPa
√
m, 0.63 ± 0.05MPa

√
m, for the 3D printed silica

and lithography silica with the cube corner tip. The results indicate again that the 3D printed

silica compares favorably with the silica from traditional methods, which reinforces the validity

and effectiveness of the novel 3D printing process in fabricating silica with robust properties.
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Practically, the fracture toughness value should be independent of the indenter angle.

But here the 𝐾𝑐 value obtained from the Berkovich tip splitting tests is approximately five

times higher than those from the cube corner tip, which is consistent with the reference range

reported in [138]. This discrepancy highlights the densification phenomenon in silica [140,

141], which was not considered in the FEM simulation used to determine the 𝛾 coefficient. In

particular, the blunter Berkovich tip requires a much higher load to induce cracking and cause

the pillar failure compared with the sharper cube corner tip. Consequently, the densification

becomes more pronounced during the loading which is not captured by the definition of 𝛾 . In

contrast, the cube corner tip provides a more accurate assessment of the crack propagation

resistance of the silica [142].

2.3.2 Size effect

Taking advantage of the 3D printed technique, micro pillars with the diameter smaller than

2 µm can be fabricated to investigate the influence of specimen size on the fracture toughness

of silica. The selected range of pillar radii was not limited by of the TPP process itself, but

rather by the practical constraints associated with the ex-situ pillar splitting experiments which

defined the testing position via optical microscope. As can be seen from the load-displacement

curves obtained from splitting tests on pillars of varying radii in Figure 2.5, the loading curves

for pillars with radii of 2.91 µm and 1.74 µm demonstrate a consistent trend. However, as the

pillar radius decreases, the scatter in the measurement becomes more pronounced, due to the

increased sensitivity to tip-center position alignment at smaller scales. Previous researches

have investigated the influence of positioning accuracy on the evaluation of fracture toughness

[108]. It has been reported that the positioning accuracy of the system should be within ±

10% of the pillar diameter to ensure consistent results. When the indenter is offset farther

from the center, the apparent fracture toughness decreases. In this work, the G200 system

was employed, which has a position error of approximately 500 nm due to stage limitations.

This inaccuracy can lead to an underestimate of the crack propagation resistance for pillars

with radii smaller than 2.5 µm from the 10% rule.

Typically, postmortem images are used to identify and exclude those tests with significant

offset, retaining only those with accurate alignment for analysis. However, this approach
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is not feasible in the present study since for pillars with radii less than 1.5 µm, even SEM

imaging can not tell if the center position is well aligned. To address this issue, the number

of tests was increased to improve statistical reliability, and the data were corrected based on

the empirical relationship between the apparent toughness and the offset distance reported in

[108]. As shown in the Figure 1.30, the relationship between how the offset fraction regarding

the pillar radius would underestimate the apparent fracture toughness was exhibited. For the

measured results, we assume a position error around 500 nm from the stage, and implemented

the function from Figure 1.30 to correct the measured fracture toughness. The final 𝐾𝑐 value

for samples of different size, after applying the positioning correction, was displayed in Figure

2.6. The same 𝛾 coefficient, 0.55, was applied to measurements for all radii. As illustrated

Fig. 2.5. Representative load-displacement curves obtained on the 3D printed micro silica
pillars with the radius ranging from (a) 2.91 µm, (b) 1.74 µm, (c) 1.33 µm, (d) 1.27 µm, (a)
0.98 µm.

in Figure 2.6, with the pillars radii decrease, the corrected fracture toughness values remain

within the range reported in literature. The increased data scatter is mainly attributed to the

limitations of the testing system. Even though in-situ pillar splitting within an SEM system

can be utilized to reduce the scatter, the electron beam used for live imaging and positioning

might affect the silica properties. Therefore, particular care should be taken, for example

by turning off the beam during testing. The results obtained from the ex-situ tests clearly
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demonstrate that there is no pronounced size effect on the crack propagation resistance of

silica. Consequently, the time consuming in-situ tests were not used here.

Unlike strength, which shows a significant improvement when reducing the testing size

from macroscopic to microscopic scales, the fracture toughness of silica remains largely size-

independent. For example, micro pillars fabricated by the same process show a strength of

approximately 4GPa [137] and the femtosecond-laser-assisted etching micro silica pillars can

reach strength as high as 8GPa [143]. Both of them are much higher than the compressive

strength of bulk fused silica. The distinction arises from the different mechanical perspectives

represented by strength and fracture toughness. Strength refers the maximum stress that a

material can sustain before failure. The practical strength of the bulk specimens is usually

limited by surface flaws such as micro-cracks introduced during manufacturing, processing and

handling [131], When reducing the specimen size, the number and size of potential defects

inside the materials decrease. Therefore, the micro scale glass is expected to approach the

theoretical strength of glass determined solely by intrinsic atomic interaction. In contrast,

fracture toughness reflects the material’s resistance to crack propagation, i.e., its ability to

create new surfaces and how easy or difficult the propagation is. As describe in the Chapter

1.3.2, when the elastic strain energy stored in the specimen exceeds the surface energy required

to form new fracture surface, the crack opens. That is the definition of energy release rate.

At the atomic scale, the creation of new surface requires breaking the atomic bonds, which

links directly the fracture toughness and the bond energy. Tromans et al. [144] estimated the

theoretical fracture toughness of various brittle minerals using a Morse-type bonding model,

where the amorphous silica has 𝐺 𝐼𝐶 value 3.72 J/m2, leading the 𝐾𝑐 around 0.52MPa
√
m.

Even though the fracture energy of fused silica is not a fixed value, for example, a theoretical

estimate of 1.75 J/m2 for the surface energy of silica glass was obtained by Charles [145], who

assumed the surface energy to be equal to the sublimation energy of the materials associated

with the surface. And Wiederhorn measured the fracture surface energy of fused silica under

different environment, which is around 4.3 J/m2 [146]. Both Charles and Wiederhorn use the

term 𝛾𝑠 which is half of the 𝐺𝑐 since crack create double surface. The resulted 𝐾𝑐 value

ranging from 0.52MPa
√
m to 0.8MPa

√
m. The prediction aligns well with the range reported

in the literature and with the experimental results obtained in this work. Specifically, for
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brittle silica, fracture is governed by the intrinsic atomic bonding and surface energy, which

are size-independent within this testing regime.

Even though the ductile deformation of silica has been observed under specific nanoscale

conditions [147, 148], such behavior occurs only in nanometer scale and low strain rate. For

example, 18 nm diameter SiO2 glass nanofiber has been shown to exhibit 18% elongation due to

enhanced ionic mobility within the free surface affected zone, which promotes bond-switching

events under tensile stress [149]. However, within the size range investigated in this work, the

silica micropillars exhibit purely brittle fracture behavior. Therefore, the fracture toughness

remains independent of specimen size and is governed solely by the intrinsic atomic bonding

energy [150].

Fig. 2.6. Average fracture toughness comparison for the 3D printed silica with varied radius.

2.3.3 Different processing temperature

The results presented above demonstrate that the silica fabricated at a low processing

temperature of 700 ◦C exhibits identical mechanical properties with those of commercial fused

silica. In the work of Bauer et al. [137], it was reported that heat treatment at 1000 ◦C further

enhances the yield strength and compressive strength of the 3D printed silica. Building on

that study, the influence of processing temperature on the mechanical properties is further

investigated in this section.
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2.3.3.1 E&H comparison

As illustrated in Figure 2.7, the 3D printed silica processed at different temperatures show

similar elastic modulus and hardness. Indeed, the consistent properties observed along the

depth profiles confirm the structural uniformity and homogeneity of the silica samples. The

consistency is likely because the processing temperatures remain below the glass transition

temperature of fused silica, reported to be 1185 ◦C to 1200 ◦C [151]. As clarified in Bauer’s

previous work [137], the decomposition and mass loss of the as-printed organic-inorganic

template mainly occur between 350 ◦C and 650 ◦C in air atmosphere. Above 650 ◦C, all

organic constituents are completely volatilized, leaving behind only the inorganic material

that forms a dense, amorphous silica network without detectable porosity. Consequently,

for the samples sintered at 1000 ◦C and 1100 ◦C, no further compositional changes occur,

but only limited microstructural reorganization takes place at elevated temperature [152].

This reorganization is also supported by the micro-Raman spectroscopy reported by Bauer

et al. [137], which shows that the characteristic fused silica spectrum is already established

at 650 ◦C. Further heating only induces subtle structural rearrangements and, above 800 ◦C,

the spectra become indistinguishable from those of commercial fused silica. However, such

atomic- or molecular-scale rearrangements are insufficient to overcome the energy barrier for

crystallization [153]. As a result, the final material remains amorphous fused silica. Although

structural relaxation may occur during heating and influence the mechanical response at

elevated temperature, these modifications are thermally reversible and unstable below the glass

transition temperature [154, 155]. Therefore, the final samples exhibit consistent mechanical

performance, comparable to that of commercial silica glass.

2.3.3.2 Fracture toughness comparison

The pillar splitting tests were employed to evaluate the crack propagation resistance of the

sample samples sintered at different temperatures. As shown in Figure 2.8a, the representative

load-displacement curves of the samples exhibit the similar mechanical response, consistent

with the trends observed for elastic modulus and hardness. The fracture toughness values were

calculated using Equation 1.27 and presented in Figure 2.8b.
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Fig. 2.7. The (a) elastic modulus, (b) hardness as a function of indentation depth, and (c)
average value comparison of the 3D printed silica under different processing temperatures.

The 3D printed silica processed at 1000 ◦C and 1100 ◦C shows toughness values of

0.68MPa
√
m and 0.67MPa

√
m, respectively, which is slightly higher than that of silica

sintered at 700 ◦C ( 0.60MPa
√
m). Nevertheless, all values fall within the typical range

reported for fused silica in the reference. As discussed in the Chapter 2.3.2, the crack

propagation resistance of the brittle amorphous silica is governed primarily by its microstructure

and the atomic bonding energy. The consistent elastic modulus and the hardness results

confirm that the heating process below the glass transition temperature does not alter the

short-range atomic structure of fused silica, leading to comparable fracture toughness across

all samples.

It is worth noting that the scatter between the individual test becomes more pronounced

as the processing temperature increases to 1100 ◦C. The may be attributed to localized

structural relaxation process occurring near the glass transition temperature. Although the

global glass network remains amorphous and the overall ring statistics are largely preserved,
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Fig. 2.8. (a) Representative load-displacement curves, (b) average fracture toughness
comparison of the 3D printed micro silica under different processing temperatures.

the higher thermal energy facilitates a limited number of irreversible atomic rearrangements

or bond reconfigurations [156]. These subtle, localized variations do not significantly affect

the bulk mechanical response but can influence crack initiation and propagation, making the

fracture behavior slightly more sensitive to local bonding heterogeneity.

2.4 | Conclusion

In this chapter, the intrinsic nanomechanical properties of sinterless silica fabricated

via two-photon polymerization and subsequent pyrolysis were systematically investigated

and benchmarked against commercial silica wafer where the micro pillars were produced by

lithography and focused ion beam milling. Using CSM nanoindentation and the micro-pillar

splitting method, the elastic modulus, hardness, and fracture toughness of microscale silica

were quantitatively established across multiple fabrication routes.

The fracture toughness of the 3D printed sinterless silica, measured using a cube-corner

indenter, was determined to be 0.598 ± 0.066MPa
√
m, which lies within the established

literature range for fused silica and is fully comparable to that of lithography-fabricated silica

pillars (0.637± 0.059MPa
√
m). This close agreement unambiguously validates the mechanical

equivalence of the sinterless TPP-derived silica to conventionally processed silica, despite the

drastically reduced processing temperature. Furthermore, the consistent densification-driven

increase in apparent fracture toughness to values approaching 3MPa
√
m under Berkovich
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indentation demonstrates that the deformation and crack evolution mechanisms of the printed

silica remain fundamentally identical to those of traditional fused silica.

By extending the pillar splitting measurements to silica pillars with radii ranging from

2.91 µm down to 0.98 µm, and by applying the appropriate corrections to mitigate the error

from the position precision of ex-situ for the small pillars, this study further demonstrates

that the intrinsic fracture toughness of sinterless silica is essentially size-independent over the

investigated micrometer-scale regime. In addition, silica samples pyrolyzed at 1000 ◦C and

1100 ◦C exhibit nearly identical elastic modulus, hardness, and fracture toughness, confirming

the robustness of the glass network formation process and the thermal stability of the resulting

mechanical properties.

Collectively, these results establish that sinterless TPP-derived silica possesses intrinsic

mechanical properties, elastic modulus, hardness, and fracture resistance, that are indistin-

guishable from those of conventionally fabricated fused silica, while offering unprecedented

geometric freedom and significantly reduced processing temperatures. This combination is

particularly significant for microsystems, micro-optics, and nanophotonics, where mechanical

reliability must be ensured alongside structural complexity and integration compatibility.

69



CHAPTER 3

The fracture toughness enhancement

of silica via ALD stress engineering

3.1 | Introduction

Micro- and nano-architected metamaterials represent a transformative approach in the

design of lightweight, ultra-stiff, and ultra-strong materials. At reduced scales, size effects

and enhanced structural control enable unique mechanical and functional behaviors, providing

unprecedented opportunities for material optimization in a wide range of applications [157].

For example, glassy carbon (GC) with micro-architected structures fabricated using two-photon

lithography followed by pyrolysis achieve strengths up to 3GPa [17] and approach theoretical

limits of strength and stiffness [18]. Structures such as bending-dominated lattices, honeycomb

configurations, bow-tie designs, and hierarchical woven architectures offer precise control over

stiffness, strength, energy absorption, and unconventional properties such as negative Poisson’s

ratios [6, 21, 22, 158].

The application of ceramic or metallic films using techniques such as conformal atomic

layer deposition (ALD), electroless plating, and magnetron sputtering significantly enhances the

mechanical and functional performance of these metamaterials. For example, the integration

of metallic thin films, such as Ni alloys or high-entropy alloys via magnetron sputtering,

has demonstrated substantial improvements in load-bearing capacity and resilience [43, 54,

55]. Compared with other coating techniques, ALD stands out for its exceptional ability to

produce films with unparalleled uniformity and atomic-scale thickness control, facilitating

precise engineering of material interfaces [159]. For instance, Al2O3 films deposited via ALD

have been shown to strengthen polymer-based [28] and glassy carbon-based [17] nano- and
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micro-lattice scaffolds, even with thicknesses of 10–50 nm. Surface roughness, flaws, and

processing-related imperfections often render GC metamaterials sensitive to environmental

conditions such as humidity and temperature fluctuations [160]. The use of coating films as

barriers against environmental degradation can substantially improve reliability. However, one

universal byproduct of these deposition techniques, particularly ALD and sputtering, is the

generation of residual stresses within the film–substrate system. These stresses, often inherent

to growth mechanisms and thermal mismatch, can profoundly influence fracture behavior.

Residual stress in thin films has been widely investigated. It is well established that

compressive residual stress can enhance the apparent toughness of films by suppressing crack

opening and delaying crack propagation, while tensile residual stress often accelerates crack

growth and reduces mechanical reliability [161, 162]. Most of these investigations focus on

the fracture behavior of the film itself, often considering relatively thick coatings or planar

geometries. Much less attention has been given to how ultrathin films, on the order of tens of

nanometers, modify the fracture resistance of the underlying substrate, especially in microscale

architectures where surface effects are amplified.

The mechanical response of architected materials built from brittle constituents often

depends on the behavior of their load-bearing elements. In realistic microarchitectures, failure

is not a purely global event, but typically initiates locally at regions of elevated stress or

geometric imperfections. Recent work by Shaikeea et al. [36] has shown that in ideal elastic-

brittle lattices such as the octet-truss, failure strength rather than fracture toughness controls

the onset of collapse, due to the absence of damage zones and the discrete nature of load

transfer across struts. Their results, which are held in systems where the characteristic strut

size is small relative to the critical flaw size, highlight the limitations of continuum fracture

mechanics in describing the structural response at the lattice scale. However, in practical

implementations of brittle micro-lattices, individual struts often exhibit manufacturing-induced

flaws, surface damage, or non-negligible residual stress fields. Under such conditions, local

failure may no longer be governed solely by the intrinsic strength of the material but instead

becomes sensitive to crack initiation and propagation criteria. Experimental studies have

shown that introducing flaws in brittle lattice components can shift the failure mechanism

toward a toughness-limited regime, even in nominally strength-dominated architectures [41].
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Furthermore, thin-film coatings have been demonstrated to modulate crack resistance in brittle

micro-architectures by altering surface stress and fracture behavior [163].

In this work, we investigate how residual stress introduced by conformal ALD coatings

affects the apparent fracture toughness of micro-ceramic elements. By isolating individual

coated pillars and subjecting them to controlled fracture experiments (Figure 3.1), we quantify

the influence of interface properties and internal stress fields on crack resistance in fused

silica and glassy carbon. These materials, being archetypal brittle systems with process zones

much smaller than the feature size, provide a suitable platform for assessing coating-induced

modifications in local fracture behavior. The focus is placed on the mechanics of damage

initiation in coated struts, which remains relevant to the overall failure evolution in architected

materials, even when strength-based metrics ultimately describe the global failure. To achieve

this, Plasma-enhanced (PE) and Thermal (TH) Atomic Layer Deposition (ALD) was employed

to fabricate Al2O3 and ZnO thin films on two types of ceramic substrates—fused quartz and

glassy carbon micropillars. The details can be seen in Table 3.1. Special attention was given

to the effects of the residual stress state in the deposited thin films on the crack propagation

mechanisms. Two main advanced analysis techniques were employed: (i) high-resolution

focused ion beam–digital image correlation (FIB-DIC) [123, 126, 127, 164], enabling precise

residual stress measurements at localized regions, providing a powerful tool for analyzing

the stress level in ultra-thin films (Figure 3.1b); (ii) pillar splitting [105], which is exhibited

in Figure 3.1c, to evaluate the apparent fracture toughness of the coated systems in an

efficient, geometrically convenient and statistically reliable way. The experimental campaign is

crucially accompanied by Cohesive Zone Finite Element Method (FEM) simulations offering

detailed insights into stress distributions and deformation mechanisms, thereby providing a

more comprehensive understanding of the fracture behavior in these systems. By integrating

experimental and computational approaches, this work seeks to provide new insights into the

role of surface modifications and residual stress in enhancing the mechanical reliability of

micro-architected metamaterials, offering guidance for the design of next-generation materials

with tailored properties by fine-tuning the interface stress level.
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Table 3.1
Overview of micro-pillars fabricated via two different lithographic techniques and ALD coating
method. The table details the substrate material, deposited oxide, ALD thickness, and process
parameters, including deposition type and temperature.

Microfabrication
Method

Micro-Pillar
Material

Coating
Material

Coating
Thickness* (nm)

ALD
Process Type

Process
Temperature (°C)

Two-Photon Lithography
and Pyrolysis

Glassy Carbon
Al2O3 50 (50.9) Plasma-enhanced 200
Al2O3 50 (50.9) Thermal 200
Al2O3 50 (44.4) Thermal 350

Deep Reactive Ion
Etching Lithography

Fused Quartz

Al2O3 50 (45.7) Plasma-enhanced 250
Al2O3 50 (50.5) Thermal 200
Al2O3 50 (53.7) Thermal 300
Al2O3 100 (96.4) Thermal 300
ZnO 50 (55) Thermal 100

* The values inside the parentheses represent the actual coating thickness, which was
used for experimental data analysis. For simplicity, the nominal values of 50 and 100
were used in the main text description.

Fig. 3.1. (a) Exemplificative illustration of an octet-truss unit cell coated with a thin film
(top, film in reddish color) and the anisotropic compressive stress distribution (superimposed
on the residual stresses from the film) from finite element simulation (bottom); (b) Al2O3 ALD
coating on glassy carbon and Focused ion beam-digital image correlation method (FIB-DIC)
for accurate residual stress measurement; (c) Pillar splitting method with a sharp indenter to
evaluate the apparent fracture toughness of coated micro-pillar with the insert cross-section
exhibiting crack geometry simulated through cohesive zone finite element model.
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3.2 | Materials and methods

3.2.1 Description of the finite element model

The primary objective of the finite element simulations is to analyze crack propagation

behavior during pillar indentation and to examine how residual stress in the film affects the

crack resistance of a ceramic substrate across various crack configurations. Based on this

ambition, the commercial package ABAQUS/Standard is used for the cohesive zone finite

element simulations [165]. As shown in Figure 3.2a, a three-dimensional, six-fold symmetric

finite element model with the rigid Berkovich pyramidal indenter tip, characterized by a

centerline-to-face angle of 65.3◦, was generated because of the symmetric boundary conditions.

Crack planes with cohesive elements were positioned perpendicular to the free surface and

aligned with the edges of the indenter (Figure 3.2a) due to the fact that the cracks are

generated along the indenter edges only irrespective of three-sided indenter if the symmetric

conditions are maintained [166].

Due to the limitation of the cohesive element model that the crack length was at least

10 times greater than the cohesive zone, a micro-pillar with a 150 µm radius and a 300 µm

height was used to simulate the uncoated substrate. To replicate experimental conditions,

thin films with thicknesses of 3 µm and 6 µm were added to the top and side surfaces of the

substrate, corresponding to the real tests with 50 nm and 100 nm films, respectively (R:t =

300:1 and 300:2). Over 30,000 fully integrated elements (C3D6 and C3D8) were employed,

with the mesh refined near the contact interface and coating regions to ensure accurate results.

The constitutive behavior of the elements was characterized by three key material properties:

elastic modulus (E), Poisson’s ratio (𝜈), and yield strength (Y), as summarized in Table 3.2.

The parameter settings follow the previous work of Johanns and Bruns [140, 166], which

established conditions to induce distinctly different crack geometries during indentation. The

substate, when 𝐸/𝑌 = 9.3, is expected to create median crack, what 𝐸/𝑌 = 102.77 will

induce Palmqvist crack [166]. The behavior of fused quartz which develops median cracks was

modeled using the Drucker-Prager Cap plasticity model to account for densification effects,
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which are typically present for such materials [140]. This modeling approach enables a detailed

investigation of how residual stress influences crack propagation under different fracture modes.

Fig. 3.2. Finite element model utilized for this work: (a) model characteristics; (b) thermal-
ization step for residual stress equilibrium; (c) indentation and cracking process.

Firstly, residual stress was introduced via a predefined temperature and thermal step,

allowing control over the temperature difference to replicate experimental conditions (Figure

3.2b). Different thermal expansion coefficients were assigned to substrate and film materials to

create thermal strain. The simulated stress value (𝜎th) was determined using the relationship

[124]:

𝜎th = 𝑓 (𝐸 𝑓 , 𝐸𝑠, 𝜈𝑠, 𝜈 𝑓 ; (𝑇𝐷 − 𝑇𝑀), (𝛼 𝑓 − 𝛼𝑠); 𝑅/𝑡) (3.1)

where 𝐸 𝑓 is the elastic modulus of the film, 𝜈 𝑓 is the Poisson’s ratio of the film, 𝛼 𝑓 and 𝛼𝑠

are the thermal expansion coefficients of the film and substrate, 𝑇D and 𝑇M are the deposition

and room temperature, which are achieved as predefined temperature and final temperature

in thermal step respectively. It is important to note that the residual stress in the actual

experiment results not only from the thermal mismatch during cooling but is primarily due to

intrinsic stress generated during the film growth, which is more complex. Here, a simplified

thermal step was employed to approximate the final residual stress value.

Crack extension in the current simulations was modeled with Abaqus bi-linear traction-

separation-based cohesive elements(COH3D8) with zero initial thickness. The debonding

initiation was governed by a MAXS criterion, and crack nucleation was defined using a fracture
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energy parameter. Under the condition of linear elastic fracture mechanism (LEFM), the

fracture energy (𝐺 𝐼𝑐) can be related to fracture toughness through:

𝐾𝐼𝑐 =

√︂
𝐸𝐺 𝐼𝑐

1 − 𝜈2
(3.2)

The value can be checked in Table 3.2. Please note that the 𝐺 𝐼𝑐 in Equation 3.2 would be

two times of the fracture energy shown in the table since only one COH plane was simulated

in the six-fold model. Material properties, loading conditions, and pillar geometry dictated

crack growth. Still, it was constrained to remain within the defined crack plane, noting that

crack growth in the experiments may have more complex geometries. More details about the

cohesive zone model can be checked in previous work [105, 166]. The contact between the

Berkovich tip and the material surface was modeled as frictionless. The indentation step was

performed under displacement control. Crack propagation along the cohesive plane is visualized

using the parameter SDEG [165], which represents the stiffness degradation of a cohesive

element on a scale from 0 to 1, with 1 indicating complete failure (Figure 3.2c). The first load

drop represented the material fracture. The value is defined as 𝑃𝑐, the critical instability load.

The material-dependent relationship can be described by Equation 1.27. The dimensionless

constant 𝛾 has been determined for various material and tip combinations through cohesive

zone finite element modeling [105, 107, 120]. When testing the same material under different

conditions, the ratio of critical loads (𝑃𝑐) directly reflects variations in crack propagation

resistance, independent of the calibration constant 𝛾. Given this relationship, the critical load,

𝑃𝑐, will be used as a representative parameter for the apparent fracture toughness of the

film-substrate micro-pillar system.

Table 3.2
Constitutive parameters in finite element simulations

Materials
Elastic

modulus
(GPa)

FE
Poisson’s

ratio

FE Yield
strength
(GPa)

Fracture
energy

(GPa µm)

Fracture
toughness
(MPa

√
m)

Substrate
(median crack) 70 0.18 7.5 0.0125 1.34

Substrate
(Palmqvist crack) 185 0.22 1.8 0.01 1.927

Film 180 0.25 5.4 0.00368, 0.02503 1.19, 3.1
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3.2.2 Micro-pillars fabrication

The fabrication of fused silica micro-pillars followed methods primarily based on the

seminal work by Bruns et al. [138], involving lithography-assisted deep reactive ion etching

(DRIE). A 500 µm thick, 10 mm diameter fused silica wafer was processed, utilizing a hard

aluminum mask due to the low etch selectivity of silica against photoresists. The aluminum

mask was patterned using a direct laser writer and an optimized Cl2/BCl3 plasma etch. Pillar

structures were etched into the silica substrate with a high-rate plasma etch using C4F8 and O2

gases. Subsequent dicing and coating steps protected the pillars, with a diameter of 5.16 µm

and a taper angle of 6°. Further details align closely with Bruns et al.’s work.

Pyrolytic carbon micro-pillars were fabricated via two-photon polymerization direct laser

writing (TPP-DLW) followed by pyrolysis, as previously described [160]. The TPP-DLW

process employed a Photonic Professional GT system (Nanoscribe GmbH) with a 63 × 1.4

oil objective (Carl Zeiss AG) and a FemtoFiber pro NIR laser (TOPTICA Photonics AG).

Polymeric templates were printed from IP-Dip photoresist (Nanoscribe GmbH) on silicon

substrates in a layer-by-layer manner, using a galvanometric scanning mode, 19mV laser

power, and 20 000 µms−1 speed. Circular pillars with height-to-diameter ratios of 2 and nominal

diameters of 20 µm and 40 µm were constructed with 0.1 µm hatching and 0.2 µm slicing

distances. Post-printing, templates were cleaned in propylene glycol monomethyl ether acetate

(PGMEA) and isopropanol before critical point drying (Autosamdri-931, Tousimis). Pyrolysis

was conducted at 900 ◦C for 1 h in a vacuum furnace with a ramp rate of 3 ◦Cmin−1, causing

70% isotropic shrinkage. Final pillar diameters, measured via SEM (FEI Helios NanoLab™

600), were 5.3 µm and 11.8 µm.

3.2.3 ALD coatings

Atomic layer deposition (ALD) was employed to produce conformal ceramic thin coatings on

micro-pillars under different process conditions (Table 3.1 (b)) using Beneq TFS200 equipment.

Al2O3 thin films were deposited using TriMethylAluminium (TMA) as the precursor with O2

as the oxidant, while ZnO films were deposited using Diethylzinc (DEZ) with H2O as the

oxidant. Fused quartz micro-pillars were coated with Al2O3 using plasma-enhanced ALD at
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250 ◦C with a biasing configuration (up to 300W at 13.56MHz) applied in the plasma module

between the source and a grid. No bias was applied to the substrate to prevent coating damage

from accelerated species. Additionally, thermal ALD was performed at 200 ◦C and 300 ◦C

for Al2O3 deposition. ZnO films were deposited on fused quartz micro-pillars using thermal

ALD at 100 ◦C. To ensure consistency in mechanical property measurements of the thin films,

flat silicon wafers (1.2 cm × 4 cm × 0.04 cm) were coated under the same conditions as the

fused quartz micro-pillars. For glassy carbon micro-pillars, Al2O3 coatings were deposited

using plasma-enhanced ALD at 200 ◦C, along with thermal ALD at 200 ◦C and 350 ◦C. The

targeted film thicknesses were 50 nm or 100 nm for Al2O3 and 50 nm for ZnO, depending on

the deposition conditions. All thicknesses were confirmed by ellipsometry.

3.2.4 Nanoindentation testing

Nanoindentation tests were performed under ambient conditions using a G200 (KLA

Corporation) system and an iNano (KLA-Nanomechanics) system. For all Continuous Stiffness

Measurement (CSM) and pillar splitting tests on GC micro-pillars, a Berkovich tip was employed,

while a cube corner diamond tip was used for pillar splitting tests on fused quartz micro-pillars

to minimize the densification effects associated with a blunt tip. Machine compliance and the

indenter area function were calibrated on a fused quartz reference sample before and after

each test, following the procedure outlined by Oliver and Pharr [78].

The mechanical properties of the ALD coatings were characterized by nanoindentation

using the continuous stiffness measurement (CSM) technique on coated silicon wafers. In-

dentation tests were performed using the iNano system at a constant strain rate of 0.2 s−1,

with a maximum penetration depth of 100 nm. For each coating, a 4 × 6 array of indents

was performed. After excluding outliers due to surface effects or shallow-depth instability,

at least 16 valid measurements were used to extract the elastic modulus and hardness. The

elastic modulus was extracted using the Doerner–Nix model [88], while the film hardness was

corrected for substrate effects using the Korsunsky model [90], as described in the Supporting

Information. A Poisson’s ratio of 0.26 was assumed for the coatings [167]. To enable accurate

application of these models, the mechanical properties of the bare silicon substrate were

independently measured. Nanoindentation was performed on uncoated silicon wafers using the
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same instrument and strain rate, with a maximum depth of 500 nm and a 4 × 4 indentation

array. A minimum of 12 valid indentations was retained to determine the substrate’s modulus

and hardness, which were then used as input parameters in the composite analysis of the

coated films. For fused quartz, indentation was performed on uncoated substrate regions prior

to film deposition using the G200 nanoindenter, at a strain rate of 0.05 s−1 and a depth of

500 nm, also in a 4 × 4 array with at least 12 valid data points. The mechanical properties of

glassy carbon were taken from prior work by the authors [160] and the Poisson’s ratio of 0.17

was used from reported value [168].

The crack propagation resistance of micro-pillars with various coatings was evaluated

through pillar-splitting experiments. This technique involved applying an indentation load to

the pillars until fracture occurred, eliminating the need for post-test crack length measurements

[105, 107, 120]. To ensure consistency in the splitting tests, a brand-new cube corner tip

(MicroStar Technologies, nominal radius ≤20 nm) was used. Tip sharpness was regularly

monitored, and the area function recalibrated to confirm stability over the entire test campaign.

This minimizes the influence of tip blunting on crack initiation loads, as discussed in previous

studies [108, 139]. As outlined in the FEM section, apparent fracture toughness (𝐾𝑐) was

calculated using the relationship provided in Equation (1.27). Nanoindentation pillar splitting

tests were conducted on ALD-coated GC and fused quartz micro-pillars at a constant strain rate

of 0.05 s−1 to assess their apparent fracture toughness. The surface roughness of both fused

silica and pyrolytic glassy carbon pillars is in the nanometer range, and the conformal ALD

coating further reduces surface asperities. Given that the coating thickness and the estimated

process zone exceed the roughness scale by at least one order of magnitude, surface roughness

is not expected to influence the measured fracture response. Uncoated GC and fused quartz

micro-pillars were also tested as reference samples, with uncoated diameters of 5.3 µm and

5.16 µm, respectively. The specific calibration coefficient (𝛾) for the materials was determined

through polynomial interpolation of the 𝛾 versus 𝐸/𝐻 ratio function, as established in previous

work by the authors [105]. To ensure accuracy in tip positioning [108], only experiments with

indenter tips precisely centered on the pillar surface, within 0.5 µm, were considered. The

centering was verified through post-experiment scanning electron microscopy (SEM) imaging

of residual marks on the substrate.
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3.2.5 Residual stress measurement

Residual stress measurements were conducted on 12 µm GC micro-pillars and the unetched

zone of fused quartz wafer using the Helios 5 CX system (Thermo Fischer Scientific). The

ring-core FIB-DIC procedure developed by the authors in their prior works [123, 126, 127, 164]

was utilized after ALD coating process. Tests were also performed on uncoated GC samples

to establish a baseline for comparison. Several modifications to the published method were

implemented to enhance both in-depth and lateral resolution, enabling stress measurements in

thin films with an average thickness of 50 nm.

For all cases studied, surface preparation involved the deposition of an ultra-thin sputter-

coated gold layer using a 15 µA current for 20 s to enhance the DIC analysis. The gold layer

was subsequently irradiated at low ion currents to achieve dewetting, as detailed by Winiarasky

[169], utilizing a current of 1.5 pA at 30 kV. Incremental material removal in the ring-core

geometry was performed via a semi-automated procedure, ensuring precision and repeatability.

This modified method provides high sensitivity for stress measurements in the normalized

depth range of ℎ/𝐷 = 0.015 − 2 [123, 127]. To accommodate the film thickness, an annular

trench with an inner diameter of 1 µm for GC samples and 0.7 µm for fused quartz samples was

employed. Each milling step typically achieved a depth of approximately 2 nm, except for the

100 nm coated samples where a milling depth of 4 nm per step was used to reduce the total

number of milling steps required. These milling depths were achieved using a low ion milling

current and, through precise calibration of milling depth versus ion dose, explicitly performed

for each material via cross-sectional measurements of the milled geometries. Maintaining

a consistent milling rate throughout the process ensured uniform partial depths after each

incremental material removal. A total of 30 milling steps were utilized, corresponding to the

film thickness and enabling evaluation of the residual stress depth profile from the surface to

the substrate interface.

During the process, five high-resolution SEM micrographs were captured: one before

testing and one after each material removal increment. These images were acquired under

consistent contrast conditions, using an acceleration voltage of 2 kV, a beam current of 43 pA,

and in immersion mode. Each image was integrated over 32 frames at a dwell time of 100 ns
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per frame. Cross-sectional depth measurements were performed on SEM high-resolution images

of the lateral surfaces of the milled geometries to verify the final depth. Following image

acquisition, a MATLAB-based digital image correlation (DIC) routine was used to track the

incremental strain evolution by comparing each milled-step image to the initial, unprocessed

surface. The obtained strain distribution was then utilized to reconstruct the residual stress

profile based on the inverse problem approach of the FIB-DIC method, as detailed in Supporting

information.

3.3 | Results

3.3.1 Finite element simulation of film stress effect on crack

propagation during pillar splitting

The study focuses on the relative changes of crack propagation resistance in micro-pillars

after adding films with various stress levels. Given the specific materials and indenter geometry

used, the apparent fracture toughness is associated with the critical instability load, 𝑃𝑐,

occurring during sharp nanoindentation of a micro-pillar, through the relationship described

at Equation 1.27 [105]. Given this, the same 𝛾 value could be used for the simulations with

various film stress levels. To quantify the variation in splitting load (𝜑), which serves as an

indicator of relative changes in crack propagation resistance, the following expression is used:

𝜑 = ((𝑃𝑐 − 𝑃cref)/𝑃cref) (3.3)

where 𝑃cref represents the critical load of the uncoated substrate pillar simulation. This

approach aligns with experimental conditions, where uncoated samples serve as the reference.

To understand the basic mechanisms, FEM simulations allow for the investigation of substrates

with films that have no residual stress, isolating the influence of the film’s mechanical properties.

In practice, films with predefined residual stress states are applied to the substrate following

the ALD process. This highlights the advantage of using simulations to systematically analyze

the impact of film stress and mechanical properties on crack resistance.
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3.3.1.1 Median crack geometry

The median mode crack propagation behavior can be observed in more detail in the

supplementary video (Movie S1), where the crack originated beneath the contact area with

the indenter and propagate vertically. Figure 3.3 shows how the thin film affects the apparent

fracture toughness of the coated pillars. Since median crack propagation is predominantly

governed by the substrate’s bulk properties, the addition of coating with zero stress has a

limited effect (Figure 3.S1). Specifically, 50 nm and 100 nm coatings with zero residual stress

show minimal impact on the fracture resistance of the coated pillars, with the 𝜑 value varying

within ±2%. Compressive residual stress leads to a reduction in critical load, showing a

clear linear trend. In contrast, tensile residual stress increases the system’s apparent fracture

toughness in a more parabolic fashion: apparent fracture toughness initially increases with

tensile residual stress but eventually peaks and declines beyond a certain point. The thicker

film (Figure 3.3b) exhibits a similar trend, albeit with a more significant slope. At the same

tensile stress level, the thicker film can provide a higher toughening effect than the thin film.

Furthermore, simulations with two levels of fracture energy for the film demonstrate that while

compressive residual stress consistently reduced apparent toughness, higher fracture energy in

the film leads to a greater increase in toughness under tensile stress.

It is important to note that the simulated tensile residual stress was capped at approximately

1000MPa. This limitation was set because, in the simulations at higher tensile stress levels,

cracks would likely initiate and propagate within the film itself during the thermal step. However,

in the model, the cohesive element plane was positioned based on the assumption that cracks

from indentation would propagate along the indenter edge, which does not accurately capture

crack behavior driven by residual stress alone. Therefore, results related to high tensile stress

were excluded, as they do not accurately represent realistic conditions.
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Fig. 3.3. The splitting load variation of the coated system with (a) 50 nm and (b) 100 nm
ALD film on the ceramic substrate which develops median cracks as a function of the film
residual stress.

3.3.1.2 Palmqvist crack geometry

When changing the property of the substrate material to develop Palmqvist crack, the

Palmqvist cracks initiate near the free surface and propagate laterally within the coating (Movie

S2). In our simulations, this behavior is captured by lateral crack growth confined to the film,

with no interface decohesion, as perfect adhesion is assumed throughout. As a result, residual

stress influences the cracking mechanism distinctly. To isolate the effect of the coating film’s

mechanical properties, the initial analysis considered a stress-free condition (Figure 3.S2). The

addition of a 50 nm film significantly reduces the splitting load by approximately 12%, whereas

the 50 nm film has minimal impact on the critical load (Figure 3.4). For thinner films, the

substrate primarily dictates the mechanical response of the system due to its greater volume

and structural dominance. Consequently, a low-toughness film provides minimal resistance to

crack propagation, reducing the critical load required for crack initiation. However, as film

thickness increases, the film’s mechanical properties, particularly its strength and hardness,

become more influential in resisting crack propagation. Thus, a thicker, stronger film enhances

the system’s overall fracture resistance, requiring a higher external load for crack initiation and

propagation. The more detailed results are exhibited in the Supporting Information.

Unlike median cracks, both compressive and tensile residual stresses in the film reduce the

system’s apparent resistance to crack propagation. Notably, while thinner stressed films exhibit

a greater relative reduction in fracture toughness, they also display a shallower slope in this
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trend. This suggests that in the 50 nm film system, the primary reduction in fracture resistance

arises from the film’s lower mechanical toughness rather than the residual stress itself. In

contrast, for thicker films, the residual stress plays a more significant role in influencing crack

propagation resistance.
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Fig. 3.4. The splitting load variation of the coated system with (a) 50 nm and (b) 100 nm
ALD film on the ceramic substrate, which develops Palmqvist cracks as a function of the film
residual stress.

3.3.1.3 Fracture mechanism of the coated system

The simulation results indicate that surface residual stress state influences crack systems

differently, as the driving force responsible for crack opening varies between systems. As illus-

trated in Figure 3.5a, the median crack system typically forms beneath the plastic deformation

zone under the indenter and propagates parallel to the loading axis. The primary driving force

for crack propagation at the crack tip is the tensile stress surrounding the plastic deformation

zone [170, 171]. In terms of stress equilibrium across the whole system, tensile stress in the

film induces a corresponding compressive stress within the substrate pillar. As a result, a higher

external load is required to initiate and propagate the crack. Conversely, compressive stress

within the film generates a tensile stress field in the substrate, which significantly weakens the

system’s resistance to crack propagation.

This apparent reduction in toughness with increasing compressive residual stress may seem

counterintuitive when compared to classical multilayer systems, where compressive surface

stress typically reduces crack driving forces. However, this effect arises from the specific

geometry and constraint conditions of our system. In our case, the micropillar is coated
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conformally and constrained at its base, which imposes circumferential compatibility. As a

result, compressive hoop stress in the ALD film induces a tensile stress field in the pillar core,

enhancing the driving force for radial crack propagation. This mechanism differs fundamentally

from planar multilayers under bending, as discussed in [161, 162], where residual stress acts

near the surface and shields the crack tip. In contrast, the high surface-to-volume ratio of our

pillars leads to stress penetration into the full cross-section, and the observed trend is a direct

consequence of the confined geometry.

However, since the film cannot indefinitely sustain tensile residual stress, the toughening

effect provided by residual stress is ultimately limited by the film’s intrinsic fracture resistance

(Figure 3.S3, 3.S4). When the residual stress approaches the failure threshold of the film,

damage may accumulate during the thermal step, even if no visible cracking occurs. This

pre-damaged state can trigger early crack initiation at the start of indentation, reducing the

effectiveness of toughening. Additional simulations confirm that films with higher fracture

toughness are better able to retain residual stress without early failure, allowing for greater

stress transfer into the substrate. The details were shown in Supporting Information. Therefore,

the extent of the toughening effect is not only governed by the magnitude of residual stress

but also constrained by the crack resistance capability of the film itself.

Fig. 3.5. Two cracking mechanisms achieved in ALD-coated pillars: (a) Median crack system
develops through the substrate and reaches the coating; (b) Palmqvist crack system develops
through the coating.
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In contrast to the median crack, the maximum tensile stress for the Palmqvist crack

system is located near the surface rather than along the indentation axis, which makes the

crack originate close to the surface and propagate laterally (Figure 3.5b). When tensile residual

stress is present in the film, it amplifies the tensile field near the surface, accelerating crack

propagation and leading to complete fracture (Movie S3 and Figure 3.S5). This effect reduces

the critical load required for crack initiation, as the surface tensile stress makes the crack more

likely to open and extend laterally (as shown in the Figure 3.S5c-iv). Conversely, compressive

residual stress in the film generates an opposing tensile stress within the substrate, which

shifts the crack initiation zone from the surface to the subsurface region (Movie S4 and Figure

3.S5c-iii). This shift indicates a transition from a Palmqvist to a median crack, driven by

the inward tensile field. Consequently, compressive stress within the film detrimentally affects

crack resistance by promoting subsurface crack development.

To isolate the geometric effect of the coating from the influence of residual stress,

additional simulations were performed with coatings of varying thickness but zero residual

stress (Supporting Information, Figure 3.S1, 3.S2). These results show that film thickness

alone does not significantly alter the splitting load in the absence of residual stress. However,

when residual stress is introduced (Figure 3.3-3.4), the thicker films show a more pronounced

reduction (in compressive cases) or increase (in tensile cases) in splitting load. This occurs

because thicker coatings store more elastic energy and impose a stronger constraint or driving

force onto the substrate, depending on the sign of the residual stress. The larger volume of

stressed material in the thick coating amplifies the stress redistribution into the substrate,

which in turn affects the crack driving force. This explains the observed trend of higher

splitting-load sensitivity to residual stress in thicker films.

The simulation results show that the interaction between residual stress and crack

propagation mechanisms is highly dependent on crack geometry, stress distribution, and film

thickness. Stress equilibrium across the substrate-film system influences median cracks, while

the surface stress fields influence Palmqvist cracks. These findings highlight the complex role

of thin film residual stress in governing crack initiation and propagation, emphasizing the

importance of tailoring stress levels and film properties to enhance system resistance against

fracture. This is of predominant prevalence in the case of coated micro-architectures.
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3.3.2 Experimental validation

3.3.2.1 Fused quartz

The residual stresses of ultra-thin ALD films on the two substrates were measured

as a function of deposition parameters using the FIB-DIC method. Details of the stress

calculation process are provided in Supporting information. Among the samples, only the

50 nm ZnO film on the fused quartz substrate exhibited compressive residual stress, measured

at −3100 ± 610MPa (Figure 3.6a). In contrast, all Al2O3 films on fused quartz exhibited

tensile residual stress (Figure 3.6a). The highest residual stress, 2233±763MPa, was observed

for the 50 nm Al2O3 film grown at 200 ◦C on the fused quartz substrate. The thicker Al2O3

films grown at 300 ◦C showed slightly lower residual stress values than the 50 nm Al2O3 film.

As shown in Figure S9, the loading curves of different tests for each sample show consistent

tendencies, indicating that the position error coming from ex-situ tests was in the acceptable

range for the pillar splitting method [108]. The scatter of critical instability load mainly depends

on the individual differences between tested pillars. A slight pop-in plateau was observed for

uncoated fused quartz samples before the completed failure, which only happened on the

ZnO-coated fused quartz and Al2O3 grown using the plasma-enhanced technique. The pop-in

event in ZnO-coated fused quartz occurred even earlier than in the uncoated fused quartz.

In this study, we considered the uncoated substrate to be the primary contributor to the

mechanical response of the coated system, due to its significantly larger volume compared to

the 50 nm thick ALD film. As a result, we applied the same 𝛾 coefficient, 0.56 for fused quartz

to both the uncoated and coated samples. This 𝛾 value was determined from the modulus

and hardness of the uncoated substrate using CSM measurements. While the presence of a

thin coating may slightly influence the near-surface mechanical response, its impact on the

overall 𝐸/𝐻 ratio is minimal in this configuration. Even when Palmqvist cracks initiate partially

within the coating, the path of the crack and the energy dissipation are largely dictated by

the substrate. This assumption is supported by Xia et al [116], who demonstrated that the

composite 𝐸/𝐻 ratio remains effectively unchanged for coated systems when the thickness

of the coating is small relative to the indentation depth and the dimensions of the substrate.

Since we are focused on the apparent fracture toughness of the coated system, rather than the
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intrinsic properties of the film, we maintained a constant 𝛾 value to ensure consistency across

different coating conditions. The apparent fracture toughness was calculated from Equation

(1.27). All the samples with ALD coatings exhibited higher apparent fracture toughness

compared to the uncoated fused quartz (Figure 3.6b), except the 50 nm ZnO film resulted in a

reduction. The samples with a 100 nm Al2O3 film grown at 300 ◦C demonstrated nearly three

times the apparent fracture toughness of the uncoated fused quartz. The 50 nm Al2O3 film,

grown at the same temperature, showed lower apparent fracture toughness than the thicker

coating but exhibited the biggest scatter in the critical load values. For a pillar coated with a

50 nm Al2O3 film at 300 ◦C, a splitting test was intentionally halted before fracture by setting

the maximum load lower than the critical load. Indentation marks and focused ion beam (FIB)

cross-section analysis of the residual indentation imprints revealed the presence of median

cracks in the fused quartz substrate (Movie S5, Figure 3.7a). These cracks were observed in

the cross-sectional view perpendicular to the indenter edge, where the crack openings extend

beneath the contact surface with the indenter.
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�(a) (b)

Fig. 3.6. (a) The residual stress of the ALD coating on fused quartz substrates; and (b)
the apparent fracture toughness of ALD-coated fused quartz as a function of the deposition
parameters. Error bars represent the standard deviation from multiple measurements, and are
presented in the same manner for the figures below.
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Fig. 3.7. FIB cross-section of the indent just before splitting failure of the (a) fused quartz
coated with 50 nm Al2O3 at 300 ◦C; (b) glassy carbon coated with 50 nm Al2O3 via PE-ALD

3.3.2.2 Glassy carbon

Figure 3.8a illustrates the residual stress profiles for different coating parameters on the

GC substrate. A similar trend was observed with the fused quartz substrate: the 50 nm Al2O3

film grown at 200 ◦C exhibited the highest tensile residual stress. However, the stress reached

only around 870MPa, approximately one-third of the value observed on the fused quartz

substrate under identical deposition conditions. The other Al2O3 films also exhibited lower

residual stress when deposited on the glassy carbon substrate compared to those on fused

quartz. Furthermore, Al2O3 films fabricated using plasma-enhanced ALD showed lower tensile

stress compared to their thermally deposited counterparts at the same deposition temperature.

In contrast to the performance of ALD-coated fused quartz, the pop-in plateau was

observed in most of the ALD-coated samples but not the pristine glassy carbon pillars (Figure

S10), indicating the early crack during the pillar splitting tests after adding the ultra-thin

Al2O3 film. As clarified in Section 3.2.1, here the gamma coefficient of 0.19 was used to

calculate the apparent fracture toughness of the uncoated and coated glassy carbon sample

[160]. Each type of coating film led to a reduction of 𝐾𝑐 value compared with the uncoated

status (Figure 3.8b). The 50 nm Al2O3 film grown at 200 ◦C caused the most significant loss.

The other two Al2O3 films, deposited by plasma-enhanced ALD at 200 ◦C and thermal ALD at

350 ◦C, resulted in slight reductions in fracture toughness. Figure 3.7b shows not only median

cracks, but also cone cracks in the contact surface of the GC micro-pillar coated with Al2O3

film, which is consistent with the crack geometry of uncoated GC [160].
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(a) (b)

Fig. 3.8. (a) The residual stress of the ALD coating on glassy carbon substrates; and (b)
the apparent fracture toughness of ALD coated glassy carbon as a function of the deposition
parameters. (The red arrow was used to highlight the sample showing highest stress level and
lowest apparent fracture toughness)

Figure 3.9 illustrates the relationship between apparent fracture toughness and residual

stress, with the right axis indicating the relative change in apparent fracture toughness compared

to the uncoated sample. For the 50 nm Al2O3 film on a fused quartz substrate, the apparent

fracture toughness increases with tensile residual stress. The Al2O3 film deposited at 200 ◦C

exhibited the highest tensile residual stress, leading to an approximate 140% improvement in

system fracture toughness. Interestingly, the 100 nm Al2O3 film deposited at 300 ◦C showed the

lowest tensile strength than other films but provided the highest toughen effect, demonstrating

a substantial 165% increase in fracture toughness compared to uncoated fused quartz. In

contrast, ZnO films, which exhibited compressive stress, displayed a different behavior. "Pop-

in" events were observed around 300 nm in the load-displacement curves, indicating the

initiation of early cracks during pillar splitting tests. From Figure 3.9b, all the tensile stresses in

Al2O3 film resulted in a reduction in the fracture toughness of ALD-coated GC compared with

the uncoated one, showing a reverse tendency for the fused quartz. Although the apparent

fracture toughness values for the PE 200 ◦C and TH 350 ◦C Al2O3-coated samples show only

modest reductions compared to the uncoated glassy carbon and fall within the bounds of

experimental scatter, they remain fully consistent with the monotonic trend observed in both

the normalized toughness plot (Figure 3.9b) and the FEM simulations. The PE 200 ◦C and

TH 350 ◦C coatings induce moderate tensile residual stresses that, while lower in magnitude,

still contribute to an increase in the crack driving force. In glassy carbon, which exhibits
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flaw-sensitive fracture, the influence of residual stress on toughness becomes increasingly

apparent only when the stress field reaches a scale comparable to the crack tip energy release

rate. This explains why the largest reduction is observed in the TH 200 ◦C sample, which

exhibits the highest tensile stress (874MPa). The overall behavior confirms that the effect of

residual stress on fracture is progressive and mechanically driven, even if not all intermediate

steps are statistically resolved in isolation.
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Fig. 3.9. The apparent fracture toughness as a function of the residual stress of ALD film on
(a) fused quartz and (b) GC substrate. Error bars are omitted for clarity, as they have been
presented in Figure 3.6 and Figure 3.8 above.

3.4 | Discussion

3.4.1 Residual stress from ALD coating process

Importantly, ALD-deposited Al2O3 films are more accurately represented as amorphous

AlO𝑥H𝑦, especially when deposited at lower temperatures (e.g., ~200 ◦C). These films are

hydroxyl-rich and exhibit incomplete network formation due to low atomic mobility during

deposition, leading to limited structural relaxation. This chemical and structural nature plays

a central role in the development of intrinsic tensile stresses [57]. Residual stress in ALD

coatings originates primarily from two mechanisms: growth-induced stress and thermal stress.

Growth-induced stress is dominant and stems from ALD’s self-limiting, layer-by-layer deposition

process, where each cycle incrementally introduces strain that accumulates with increasing

film thickness. This stress is exacerbated in thinner films due to fewer opportunities for

relaxation. Strategies such as plasma-enhanced ALD, thermal ALD at high temperature,
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and increased film thickness can improve network condensation, reduce hydroxyl content,

enhance film densification, and facilitate stress relaxation—all of which contribute to reducing

growth-induced stress, as corroborated by our FIB-DIC results. In comparison, thermal stress

arises from mismatches in the thermal expansion coefficients between the film and the substrate

during cooling from deposition temperatures. This can be estimated through Equation (3.1).

Using representative thermal expansion values, fused quartz (𝛼𝑠1 ≈ 0.5 × 10−6K−1) [172],

glassy carbon (𝛼𝑠2 ≈ 4.3 × 10−6K−1) [173], and ALD-grown Al2O3 (𝛼 𝑓 ≈ 4.2 × 10−6K−1)

[57], and considering deposition temperatures between 200 ◦C to 300 ◦C, the resulting thermal

stress is estimated at ~130MPa to 250MPa on fused quartz and near-zero on glassy carbon.

Since this accounts for only 10–20% of the total tensile stress observed, it confirms that

growth-induced stress is the dominant component in our films. It is important to note that the

residual stresses measured in each film are not microstructurally independent quantities. On

the contrary, they arise from the intrinsic evolution of density, porosity, hydrogen incorporation,

and interfacial bonding during ALD growth, as discussed in prior studies [57, 61]. In this sense,

residual stress functions as a microstructurally-integrated parameter that captures the net

mechanical effect of these nanoscale features. Cross-sectional TEM confirmed that all coatings

were fully amorphous and well adhered to the substrate (Figure 3.S6, supporting the use of

residual stress as a robust, quantitative descriptor linking film structure to fracture behavior.

The experimental results align with these mechanisms. The plasma in PE-ALD of Al2O3

promotes more complete surface reactions and enhances film densification of Al2O3, leading to

reduced residual stress levels compared with those in thermally grown films [62]. Films deposited

at 300 ◦C exhibited the lowest residual stress, attributed to improved growth uniformity and

enhanced stress relaxation enabled by the elevated deposition temperature. Conversely, the

50 nm Al2O3 film deposited at 200 ◦C displayed the highest residual stress, reaching nearly

2233MPa. This elevated stress level likely arises from incomplete film densification and greater

strain accumulation due to the lower deposition temperature, which limits stress relaxation.

The measured residual stress values in this study significantly exceed those reported in previous

works [57, 59, 62, 174], a discrepancy that can be attributed to the unique properties of

ultra-thin films. Ultra-thin Al2O3 films deposited via ALD are well-known for their exceptional

mechanical performance, which allows them to sustain extraordinarily high residual stresses
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without failure. For instance, these films can endure residual stresses of up to 6GPa [175]

and demonstrate strengths of approximately 5.5GPa in bulge tests [176], values that are

nearly 20 times higher than those of bulk Al2O3. This remarkable resilience is primarily due to

the unique mechanical characteristics of ultra-thin films. Unlike bulk materials, these films

exhibit elevated elastic limits and improved resistance to crack propagation, arising from their

nanoscale dimensions and geometrical constraints. While ALD’s layer-by-layer growth offers

excellent control over film thickness and uniformity, the resulting structure is not necessarily

densely packed. Elastic strain and the presence of hydroxyl groups can lead to slight structural

openness or nanoporosity. Nevertheless, the high uniformity and low defect density achieved

in ALD films contribute to their impressive mechanical robustness, enabling them to sustain

stress levels far exceeding those of bulk Al2O3. These findings emphasize the critical interplay

between thickness, deposition temperature, and growth mechanisms in determining the stress

behavior of ALD-grown films.

Since glassy carbon has a lower elastic modulus compared to fused quartz, the GC

substrate can undergo more significant elastic deformation under stress. This enhanced

deformability allows GC to accommodate better and dissipate stresses that develop during

film deposition and subsequent thermal cycling, reducing the buildup of residual stress within

the film. Additionally, the thermal expansion coefficient mismatch between GC and Al2O3 is

smaller than that between fused quartz and Al2O3. As a result, Al2O3 films on GC substrates

exhibit the same trend in residual stress behavior but with consistently lower values compared

to films on fused quartz substrates.

At low temperatures, ZnO tends to grow in an amorphous state, especially when the

film thickness is thin, as thinner layers inhibit crystallinity [177]. In this study, an ultra-thin

amorphous ZnO film was created under the low-temperature deposition (100 ◦C). Unlike

Al2O3 films, ZnO has a relatively higher atomic packing density compared to many substrates,

which induces compressive residual stress. This compressive stress becomes more pronounced

as film thickness decreases due to limited relaxation pathways in thinner films [178].
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3.4.2 Fracture mechanism of ALD coated glassy-carbon and fused

quartz

Figure 3.9 illustrates the distinct effects of residual stress on the fracture mechanisms of

fused quartz and glassy carbon, which is related to their different crack geometry in Figure 3.7.

The observed trends align well with FEM simulation results, where the median-mode cracking

in fused quartz was influenced by stress distribution. Tensile stress in the Al2O3 film contributes

to compressive stress in the substrate, leading to a toughening effect for the entire system in

the case of median crack geometry. Conversely, compressive stress in the film induces tensile

stress in the substrate, which can trigger early cracks, as seen in the ZnO-coated samples

during pillar splitting tests. Notably, the 100 nm -thick Al2O3 coating deposited at 300 ◦C

exhibits a significantly higher apparent fracture toughness compared to the 50 nm coating at

similar residual stress levels. While FEM simulations predict a modest increase in splitting load

(less than 5%) due to geometric effects alone, the experimentally observed enhancement is

substantially larger. This suggests that additional energy dissipation mechanisms may be active

in thicker coatings. Possible contributors include localized plasticity, partial interface sliding, or

distributed microcracking within the amorphous Al2O3 film. Such effects can redistribute stress

near the crack tip, thereby delaying the onset of fracture. Although not explicitly modeled in

the present framework, these mechanisms are plausible under high constraint and tensile stress

in thicker films and likely contribute to the enhanced crack resistance observed experimentally.

However, the experimentally observed gains in fracture toughness for samples under tensile

stress were significantly higher than those predicted by FEM simulations. This discrepancy

arises because the simulation employs restricted constraint conditions, such as simplified

fracture energy and critical plane assumptions, to streamline the analysis. These simplifications,

while necessary for computational feasibility, can introduce artificial artifacts that deviate

from real-world behavior. For instance, ultrathin Al2O3 films may exhibit enhanced crack

resistance at the nanoscale [175, 176], allowing them to sustain higher tensile stress and,

in turn, enabling greater compressive stress to be transferred into the pillar, thereby further

toughening the system, while this is limited in the simulation (Figure 3.S3, 3.S4). Furthermore,

additional complexities such as interfacial sliding, distributed microcracking, or time-dependent
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stress relaxation were not implemented in the current model to maintain a well-controlled

and interpretable simulation framework, which would make the simulation underestimate the

toughening effect in real situation.

In the simulation, the toughening effect begins to diminish at higher tensile stress levels

(Figure 3.3), primarily due to the film approaching its fracture limit and accumulating pre-

damage, this trend was not evident in the experimental data within the tested stress range.

One possible explanation is that the fracture toughness of the actual ALD film may exceed

the conservative values used in the simulation, allowing it to withstand greater tensile stress

without initiating early failure. As a result, the toughening effect in experiments continued to

increase, whereas the simulation predicted an eventual plateau or decline.

Another noteworthy point is the noticeable variation observed in the sample with a 50 nm

film deposited at 300 ◦C highlighting the system’s sensitivity to processing conditions and local

stress states. This sample lies in a transitional regime, combining moderate tensile residual stress

(around 1150MPa) with intermediate film toughness. Although neither parameter is extreme,

their interplay creates a stress-sensitive condition where small variations in thickness, interfacial

quality, or film properties can significantly alter crack initiation and stress redistribution. This

underscores the need for further studies on the size- and processing-dependent fracture behavior

of ultrathin films and the development of models capable of capturing spontaneous cracking

and complex failure processes.

Different from the fused quartz, the cone crack system in the near-surface of the coated

GC micro-pillars makes the residual stress play a different role in the mechanism. In the cone

crack system, ring cracks initiate due to high tensile stress near the contact edge, which can

be observed on the contact surface. Given the similarities between cone cracks and Palmqvist

cracks, that both of them initiate near the free surface and are driven by tensile hoop stress,

the GC is expected to behave similarly to a substrate that develops Palmqvist cracks under

residual stress. So, the tensile stress in the film would result in the early cracks and speed up

the fracture behavior, leading to embrittlement.

It is also worth noting that while localized densification of the amorphous AlO𝑥H𝑦 coating

under indentation is theoretically possible—particularly under the high stress concentration

of a cube-corner indenter, its effect is expected to be limited in fused quartz samples. In
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these cases, fracture occurs predominantly within the substrate (via median cracking), and

the coating primarily modulates the residual stress environment. However, for glassy carbon

substrates, where surface-initiated cracks (e.g., Palmqvist or cone-like) dominate, the stress

field from indentation may interact more significantly with the coating. Local densification of

the amorphous layer could reduce compressive constraint in the vicinity of the indentation site,

thereby contributing to the observed reduction in apparent toughness enhancement in coated

GC samples.

3.4.3 Generalization to complex shaped coated architectures

In this study, core-shell pillars were selected as a simplified 3D model to analyze the effects

of residual stress through a pillar splitting test, which offers a well-controlled experimental

approach to understanding the fracture mechanism. The test results indicate that multiple

factors, including substrate mechanical properties, crack geometry, film thickness, and surface

residual stress govern crack propagation resistance. In particular, crack geometry plays a

critical role in determining how residual stress affects crack propagation, as different crack

shapes and orientations can lead to varying fracture behaviors.

While simple pillar structures provide fundamental insights, real-world applications demand

the use of more complex micro-architectures, often realized through advanced fabrication

techniques such as 3D printing. In these architected materials, residual stress interacts with

geometric features to create unique mechanical responses. Unlike homogeneous materials,

micro-lattices feature nodes and trusses with varying stress concentrations. Stress concentra-

tions influence the mechanical behavior of nanolattice architectures and crack initiation sites,

which predominantly occur at structural junctions. For example, In rigid stretching-dominated

architectures, such as octet-truss lattices, nodes experience higher stress concentrations due

to force transmission across multiple trusses, making them the most vulnerable points for

crack initiation. Optimizing stress distribution at these locations is crucial for improving the

mechanical resilience of the structure. This work provides another potential approach regarding

interface engineering, aside from topology design, to improve mechanical reliability.

Building upon the results from the pillar splitting test, it is evident that different residual

stress states can significantly affect crack resistance. By controlling the residual stress
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distribution within micro-architectured metamaterials, it is possible to enhance mechanical

properties strategically. For instance, introducing beneficial compressive stress at the weakest

points through surface tensile residual stress, such as nodes in rigid stretching-dominated

structures, can enhance their toughness. Simultaneously, leaving less advantageous stress

states in non-critical regions minimizes potential failure risks without compromising the overall

performance of the material.

Future advancements should focus on integrating computational modeling and experimen-

tal approaches to engineer residual stress distributions in these complex architectures precisely.

By leveraging advanced fabrication techniques, such as controlled thermal treatments and

stress-engineered deposition processes, tailored stress states can be achieved. This approach

holds significant promise for designing high-performance, damage-tolerant metamaterials

suitable for structural, aerospace, and biomedical applications.

3.5 | Conclusions

This study investigated the influence of ALD coatings on the crack propagation resistance

of core-shell 3D-printed fused quartz and glassy carbon micro-ceramics, with a specific focus

on Al2O3 and ZnO coatings produced via thermal and plasma-enhanced ALD. High-resolution

FIB-DIC measurements provided critical data on residual stress evaluation. By utilizing the

pillar splitting method, it was observed that ALD coatings can either enhance or degrade

apparent fracture toughness depending on the material and stress level. CZ-FEM models were

used to incorporate with the experiment and help understand fracture mechanisms deeper.

Firstly, FEM simulations highlight the dual effects of ALD-induced residual stress on crack

behavior. Tensile stress in the coating is shown to enhance the apparent fracture toughness

of the system when median cracks are present since it induces compressive stress in the

underlying material, whereas compressive stress causes a reduction. Conversely, both tensile

and compressive residual stresses lead to embrittlement when Palmqvist cracks develop in the

substrate.

Experimental synthesis demonstrates that fused quartz micro-pillars achieved remarkable

toughness gains of 134% with 50 nm Al2O3 coatings at 200 ◦C, driven by the large tensile
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residual stress in the film. In contrast, 100 nm Al2O3 coatings at 300 ◦C led to a 165% increase

in toughness, attributed to the thicker film compensating for the smaller residual stress. On

the contrary, the ZnO coating film with compressive stress induced the early crack of fused

quartz micropillars. However, glassy carbon micro-pillars exhibited a reduction in apparent

fracture toughness due to the tensile stress of Al2O3 coating and its cone crack geometry.

This underscores the material-specific responses to ALD coatings and residual stress effects.

By integrating experimental and computational approaches, this work advances the

understanding of residual stress and its role in the fracture behavior of micro-ceramic systems.

This observation highlights the tremendous potential of stress engineering via ALD coatings to

fine-tune the fracture toughness and improve mechanical reliability. The next step would be to

promote these strategies to micro-architected metamaterials and take into account both the

interface engineering and the topology structures.
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3.6 | Supporting information

3.6.1 Finite element simulation

3.6.1.1 The interplay of film and substrate via mechanical properties

To investigate the role of inherent mechanical properties on the fracture behavior of

ALD-coated micro-ceramic pillars, pillar splitting simulations were conducted under zero residual

stress with varying film thicknesses. The results are presented in Figure 3.S1 and Figure 3.S2.

The fracture behavior of coated systems in pillar splitting is predominantly governed by the

interplay between film toughness, film thickness, and the mechanical mismatch between the

film and substrate.
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Fig. 3.S1. (a) Load–displacement curves from FEA simulations of pillar splitting for a
substrate developing median cracks, coated with films of various thicknesses under zero residual
stress. (b) Splitting load variation of the coated system as a function of film thickness. The
thickness values are scaled to match the simulated reference condition.

As shown in Figure 3.S1, where the substrate develops median cracks, ultra-thin films

have only a slight influence on the system’s fracture toughness. This is because median cracks

are stress-driven and propagate from the substrate bulk toward the surface under indentation.

As film thickness increases, the coating provides limited shielding of the substrate, resulting in

a modest enhancement of toughness. However, with further increase in thickness, especially

when the film has a significantly higher E/Y ratio than the substrate, the stored elastic energy

increases. This additional energy contributes to crack initiation and propagation, leading to

a more brittle response. Despite this, the variation in fracture toughness remains within a
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relatively small range (<2%) since median crack formation is largely governed by the substrate

properties. Additionally, when a softer film (Kc = 1.19 MPa
√

m) is applied, its inability to

effectively shield the substrate and its tendency to act as a stress concentrator further reduces

the system’s effective toughness.
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Fig. 3.S2. (a) Load–displacement curves from FEA simulations of pillar splitting for a
substrate developing median cracks, coated with films of various thicknesses under zero residual
stress. (b) Splitting load variation of the coated system as a function of film thickness. The
thickness values are scaled to match the simulated reference condition.

In contrast, Figure 3.S2 illustrates the behavior of substrates that develop Palmqvist

cracks, a surface-dominated cracking mode. In this case, ultra-thin hard films introduce stress

localization at the film-substrate interface due to mechanical mismatch, promoting crack

initiation. Since Palmqvist cracks are more sensitive to surface stress distribution, these effects

are more pronounced. However, as the film thickness increases to 100 nm and beyond, the

tougher coating begins to bear more load and effectively redistributes stress. This delay in

crack propagation results in system performance that approaches, or even surpasses, that

of the uncoated substrate at 50 nm thickness. These results are consistent with the surface

crack-dominated mechanism observed in Palmqvist fracture behavior.

3.6.1.2 Median crack geometry

Figure 3.S3 illustrates the variation in crack propagation behavior for substrates developing

median cracks, coated with 50 nm films under different levels of residual tensile stress. As

the residual stress increases from 700MPa to 1100MPa, the film approaches its failure

limit. Although no cracking occurs during the thermal step, a high SDEG region emerges at
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1100MPa, indicating significant damage accumulation within the film. This pre-damaged state

leads to crack initiation at the very onset of indentation, with initial propagation occurring

along the film. As a result, the fracture toughness gain is reduced to 14%, compared to 19%

observed at 700MPa.

(a)

(b)

(i) (ii) (iii)

(i) (ii) (iii)

Fig. 3.S3. SDEG parameter distribution showing (a) the initial condition of the indentation
step, and (b) crack propagation in micro-ceramic pillars coated with 50 nm ALD film (Kc =

3.10MPa
√

m). The residual stress in the coating is (i) 700MPa, (ii) 900MPa, (iii) 1100MPa.
The substrate is modeled to develop median cracks.

To further investigate the effect of film properties on system toughening, 50 nm films

with varying fracture energies were applied to micro-ceramic pillars designed to develop median

cracks, all subjected to a tensile residual stress of 1200MPa. As shown in Figure 3.S4, the less

tough films exhibit early crack initiation during the thermal step (Figure 3.S4a-i, ii), whereas

no cracking is observed in the tougher film. In this case, the residual stress remains well

distributed throughout the film and along the interface (Figure 3.S4b-iii), and a higher level
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of compressive stress is introduced into the substrate, leading to a splitting load variation to

be 16%, which is higher than the 2% of other two cases in Figure 3.S4-i and 3.S4-ii. These

results demonstrate that a tougher film can sustain higher tensile stress without premature

failure and suggest that increased compressive stress can be more effectively transferred into

the substrate under such conditions.

(a)

(b)

(i) (ii) (iii)

(i) (ii) (iii)

Fig. 3.S4. Comparison of (a) SDEG parameter showing crack state and (b) corresponding
von Mises stress distribution at the beginning of the indentation step in 50 nm ALD-coated
micro-ceramic pillars with 1200MPa tensile residual stress. The simulations consider different
film fracture toughness values: (i) 1.19MPa

√
m, (ii) 3.10MPa

√
m, (iii) 4.38MPa

√
m. The

substrate is modeled to develop median cracks.

3.6.1.3 Palmqvist crack geometry

The effect of different residual stress conditions on substrates developing Palmqvist cracks

is illustrated in Figure 3.S5. Tensile residual stress in the film promotes crack propagation

along the free surface, whereas compressive stress tends to redirect the crack path from the

surface into the substrate interior.
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Fig. 3.S5. (a) Residual stress distribution among the whole structure (S22 represents 𝜎𝑦𝑦).
SDEG parameter and showing fracture evolution for a substrate developing Palmqvist cracks
under different residual stress conditions: (b) Crack initiation, (c) Crack propagation, (d) Crack
reaching the pillar edge leading to complete failure.Each subfigure represents a different coating
configuration: (i) uncoated pillar, pillar coated with a 50 nm film under (ii) zero residual stress,
(iii) − 700MPa residual stress (compressive), (iv) + 700MPa residual stress (tensile).

3.6.2 Experiment validation

3.6.2.1 ALD coatings

Fig. 3.S6. Cross-sectional TEM image of an Al2O3-coated glassy carbon pillar, with SAED
inset. The absence of diffraction rings confirms the amorphous structure of the ALD film. The
coating is continuous and well adhered to the substrate, with no visible defects or delamination.
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3.6.2.2 Deconvolution of Mechanical properties of Ultra Thin Films

Based on the CSM results for various coating films on silicon wafers (Figure 3.S7), the

effect of the substrate was considered through Doerner and Nix’s model [88], and Korsunsky’s

model [90] to get the elastic modulus and hardness of the thin films [87].
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Fig. 3.S7. The (a) elastic modulus, and (b) hardness of different ALD coated silicon as a
function of indentation depth.

The effect of the substrate on the elastic modulus of thin films was first addressed by

Doerner and Nix through their proposed relationship [88]:

𝐸𝑟 =


1 − 𝜈2

𝑓

𝐸 𝑓

(
1 − 𝑒−𝛼𝑡/ℎ𝑐

)
+
1 − 𝜈2𝑠 𝑒−𝛼𝑡/ℎ𝑐

𝐸𝑠
+
1 − 𝜈2

𝑖

𝐸𝑖


−1

, (3.4)

where 𝐸𝑟 is the reduced modulus, 𝜈𝑖 and 𝐸𝑖 are the Poisson’s ratio and elastic modulus of

the indenter (0.07 and 1140GPa, respectively), t is the film thickness, and 𝛼 is an empirical

constant. To treat the film-substrate system as a composite material, the following equation

is used:

1 − 𝜈2𝑐
𝐸𝑐

=
1 − 𝜈2

𝑓

𝐸 𝑓

(
1 − 𝑒−𝛼𝑡/ℎ𝑐

)
+
1 − 𝜈2𝑠 𝑒−𝛼𝑡/ℎ𝑐

𝐸𝑠
. (3.5)

Here, 𝜈𝑐 and 𝐸𝑐 represent the Poisson’s ratio and elastic modulus of the composite system,

where 𝜈𝑐 =0.26 and 𝐸𝑐 is the measured modulus obtained from CSM tests using the iNano

instrument (Figure 3.S7 (a)). For the substrate, which is silicon in this work, 𝐸𝑠=172GPa

and 𝜈𝑠 = 0.27. The film’s Poisson’s ratio 𝜈 𝑓 is 0.23. The elastic modulus of the film 𝐸 𝑓 and
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the empirical constant 𝛼 were determined by curve fitting the experimental data of 𝐸𝑐 as a

function of the contact depth ℎ𝑐.

Korsunsky et al [90] proposed a model to describe the influence of the substrate on the

hardness of thin films:

𝐻𝑐 = 𝐻𝑠 +
𝐻 𝑓 − 𝐻𝑠

1 +
[(
ℎ𝑐
𝑡

)
/𝛽0

]𝑋 , (3.6)

where 𝐻 𝑓 and 𝐻𝑠 are the intrinsic substrate and film hardness, respectively, 𝛽0 and X are two

fitted constants. The 𝐻 𝑓 can be obtained by curve fitting the experimental data of 𝐻𝑐 plotted

against contact depth ℎ𝑐.

The final result after curves fitting from the models of the elastic modulus and hardness

for different thin film was shown in Figure 3.S8. The ZnO film displayed a lower elastic

modulus and hardness compared to the Al2O3 film. Additionally, as the deposition temperature

increased, a slight enhancement in both elastic modulus and hardness was observed for the

Al2O3 film. The result would be used in the residual stress calculation for the FIB-DIC method.
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Fig. 3.S8. The (a) elastic modulus, and (b) hardness of different coating films as a function
of deposition parameters.

3.6.2.3 Residual Stress Calculation

As detailed in the main text experimental section 3.2, a series of images were recorded

during the FIB milling process. A Matlab-based DIC routine was employed to automatically

evaluate the average strain change at each milling step relative to the initial image of the

material surface before milling. The average strain measured by DIC is typically calculated
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within a confined region, referred to as the effective area, rather than across the entire surface

of the ring-core micro-pillar. This refinement is necessary because the periphery of the ring-core

micro-pillar is often affected by artifacts from FIB milling or drilling, which can compromise

the reliability of DIC measurements. In this study, the reduction factor was set to 80%. The

evolution of strain relief with milling depth was extracted, and the master influence function

was applied to invert the strain relief profile data to derive the eigenstrain depth profile [123]:

𝑓

(
ℎ

𝐷

)
= exp

−𝛼
(
ℎ
𝐷

) [
𝛼 − 𝛽 + 𝛼𝛽

(
ℎ

𝐷

)
+ 2𝛾

(
ℎ

𝐷

)
− 𝛼𝛾

(
ℎ

𝐷

)2]
. (3.7)

𝜖∗ =
𝜖(

ℎ
𝐷

)
𝑓

(
ℎ
𝐷

) . (3.8)

where parameters 𝛼, 𝛽 and 𝛾 are equal to 8.813, 6.647, and 53.852, respectively, for a reduction

factor of 0.8. Here ℎ represent the milling depth, 𝐷 the inner diameter of the milled annular

trench, 𝜖∗ the eigenstrain, and 𝜖 the strain obtained from the strain relief profile. Given the

high sensitivity of the influence function and the potential measurement errors associated with

the milling depth in such an ultra-thin range, the strain value at 80% of the film thickness was

selected to calculate the residual stress in the film. The underlying residual stress within was

then determined using the Hooke’s law:

𝜎 = 𝐸 𝑓 𝜖
∗/(1 − 𝜈). (3.9)

3.6.3 Pillar splitting

The load-displacement curves of the pillar splitting tests are shown in Figure 3.S9 and

Figure 3.S10.
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Fig. 3.S9. Representative load-displacement curves obtained on the ALD coated fused quartz
samples.
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CHAPTER 4

Deformation behavior of optical

ceramic nanomultilayers: the role of

aperiodicity

4.1 | Introduction

Nanomultilayers (NMs) are thin-film coating architectures composed of alternating layers

with individual thicknesses on the nanometer scale. The high density of interfaces intrinsic to

these systems provides an expanded design space for tailoring functional properties beyond

what is achievable in monolithic coatings. In particular, ceramic nanomultilayers composed of

materials such as AlN, Al2O3, SiO2, Ta2O5, TiO2, and ZrO2 have attracted significant interest

due to their broadband optical transparency across the ultraviolet, visible, and near-infrared

(UV–Vis–NIR) spectrum, combined with excellent chemical inertness, thermal stability, and

high hardness [179, 180]. These attributes have enabled widespread application of ceramic NMs

as optical windows, mirrors, antireflection coatings, and protective layers in harsh environments

[181–183].

Beyond optical functionality, the mechanical performance of ceramic NMs is increasingly

recognized as a critical factor governing coating reliability and lifetime. Prior studies largely

motivated by tribological applications have demonstrated that hardness, elastic modulus,

and wear resistance can be enhanced by tuning bilayer thickness, interface density, and layer

morphology [184–187]. In selected systems, epitaxial growth at critical bilayer thicknesses has

resulted in superlattice nanomultilayers with hardness values exceeding those of the constituent
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materials [188–190]. Independently, optical performance has been shown to be highly sensitive

to layer thickness distributions, where aperiodic architectures enable optimized broadband

transmittance and reduced reflection losses [115, 191–195].

Despite these advances, the relationship between optical optimization strategies, especially

the aperiodic layer stacking, and mechanical deformation or fracture remains poorly understood.

In service, degradation of optical coatings is often initiated by mechanically driven damage

arising from thermal cycling, irradiation, abrasion, or particle impact, which can trigger crack

initiation, interfacial delamination, or stress-assisted oxidation, ultimately leading to optical

scattering or loss [196, 197]. Consequently, the design of ceramic NMs for optical applications

cannot rely solely on spectral performance; fracture resistance and deformation mechanisms

must be considered concurrently to ensure functional durability.

Motivated by this gap, this chapter focuses on the mechanical response of optically

relevant ceramic nanomultilayers synthesized by physical vapor deposition. Three material

systems, AlN/Al2O3, YSZ/Al2O3 ( YSZ is 8 mol% yttria-stabilized zirconia), and AlN/YSZ,

were selected to represent crystalline/amorphous (C/A) and crystalline/crystalline (C/C)

interface combinations while maintaining similar overall constituent volume fractions. Within

each system, both optically optimized aperiodic architectures and non-optimized configurations

were investigated. For the optically optimized coatings, a minimum average transmittance of

90% across the UV–Vis–NIR spectrum was achieved, whereas the non-optimized multilayers

serve as mechanically relevant comparators with distinct layer thickness distributions.

The scope of this chapter is intentionally focused on mechanical performance rather than

optical design methodology, which is discussed deeply in the publication [76]. Elastic modulus

and hardness were measured by nanoindentation, while fracture resistance and deformation

mechanisms were evaluated through a combination of micropillar splitting, Vickers indentation,

and postmortem scanning and transmission electron microscopy. By comparing multilayers with

similar compositions but different stacking sequences and interface types, this work aims to

elucidate how aperiodicity, local volume fraction variations, and crystallinity contrast influence

crack initiation, propagation, and overall fracture toughness.

Through this approach, the chapter establishes mechanistic links between nanomultilayer

architecture and mechanical reliability, providing insights that complement optical optimization
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strategies. These results highlight how surface and interface engineering via multilayer design

can be leveraged to achieve optomechanically robust ceramic coatings, thereby enabling

informed materials selection and architectural tuning for advanced optical applications.

4.2 | Materials and methods

4.2.1 Coating synthesis

AlN/Al2O3, AlN/YSZ, and YSZ/Al2O3 NMs and single-layered AlN, Al2O3, and YSZ

coatings were synthesized via magnetron sputtering on Corning Eagle 2000 boro-aluminosilicate

substrates (Delta Technologies, Colorado), 25mm in diameter and 0.5mm in thickness. All

single layer and NM coatings were deposited with targeted overall thicknesses of 1 µm. Figure

4.1 provides a visual representation of the aperiodic distribution of layers for the NMs. Following

the sputtering direction, which begins at the bottom of each schematic and moves upwards

through the layers, local variations of volume fraction can be observed based on groupings

of layers, herein referred to as layer stacks. For instance, in AlN/Al2O3 MBI 78, the stack

of layers 1–16 are modeled with a locally high Al2O3 volume fraction stack of 0.94; this is

topped by a stack (layers 17–20) in which the AlN volume fraction is 0.73. The layer stacking

for YSZ/Al2O3 78 and AlN/YSZ 78 is similarly distributed. In contrast, YSZ/Al2O3 MBI 74

and AlN/YSZ MBI 82 are modeled with five and three distinct layer stacks, respectively.

Firstly, substrates were cleaned with a 1:1 isopropanol and acetone mixture. Before

deposition, the sputtering chamber was evacuated to a base pressure less than 1.0 × 10−4 Pa.

AlN layers were deposited via reactive DC sputtering with a 33mm (1.3 in), 99.99% Al

target (Plasmaterials, California). Power was set to 150W, and the argon (Ar) and nitrogen

(N2) gas flow rates were 37.5 and 12.5 sccm, respectively, resulting in a working pressure

of 1.2Pa. Al2O3 layers were deposited via radio frequency sputtering with 33mm (1.3 in),

99.99% Al2O3 target. Power settings were fixed at 40W with a tune of 38% and load of

76%. Inert Ar pressure was set at 0.67Pa. The synthesis parameters for AlN and Al2O3 follow

sputtering conditions in previous works [115, 198]. YSZ layers were deposited with a 99.7%

(ZrO2)92(Y2O3)08 mol% target, using the same power and gas settings as Al2O3. All oxide

layers were deposited with the same stoichiometry as the target. All targets were manufactured
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Fig. 4.1. Schematic of layer stacking for the aperiodic ceramic NMs. The numerical portion
of the multilayer sample name indicates the modeled % volume fraction of the second layer
constituent, whereas “MBI” refers to a layer configuration that was designed to yield a minimum
UV-Vis-NIR transmittance of 90%.

by Plasmaterials (California). Regarding the sputtering configuration for NM coatings, the

chamber was equipped with two sources, and power was alternately routed to one of two

targets, with 5min allotted between the deposition of each layer for vapor evacuation.

4.2.2 Microstructure characterization

To prepare as-sputtered NM cross-sections, a Helios 5CX Dual Beam Microscope (Thermo

Fischer Scientific, Massachusetts) was used. The procedure for lamellae extraction and STEM

imaging followed a standard lift-out and thinning approach to achieve a final lamella thickness

of less than 80 nm. Initially, the region of interest was coated with a protective layer to preserve

near-surface features. A 200 nm thick platinum (Pt) layer was deposited using electron beam

deposition at 5 kV and 1.4 nA. Subsequently, a 2 µm thick tungsten (W) layer was deposited

using ion beam deposition at 30 kV and 0.79 nA. Trenches were milled using the ion beam

at 30 kV and 0.79 nA to define the lamella dimensions of around 15 × 5 µm (depth) with an

initial thickness of 1.5 µm for extraction. The lamella was then lifted out and attached to a

copper grid for subsequent thinning in three sequential steps to achieve electron transparency:

1) coarse thinning was conducted at 30 kV and 0.23 nA, 2) fine polishing was carried out at

30 kV and 80 pA, and 3) low-energy polishing at 5 kV and 15 pA was applied to minimize
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surface damage and achieve a final thickness of less than 80 nm. The analysis of the lamellae

was performed in STEM mode (STEM 3+ detector) using an acceleration volt of 30 kV and

a current of 0.34 nA, in both brightfield and darkfield, with a dwell time of 30 µs and a line

integration of 2.

4.2.3 Nanoindentation

For the single-layered coatings, load-controlled nanoindentation was performed in a 10

× 10 array with a Hysitron 950 Triboindenter (Bruker Corporation, Massachusetts) and a

Berkovich diamond probe at a constant loading rate of 1000 µNs−1 to obtain reduced modulus

and hardness, where reduced modulus was converted to elastic modulus [199]. For NMs,

continuous stiffness measurement (CSM) nanoindentation was performed using a Berkovich

probe at a constant strain rate of 0.05 s−1 to measure hardness 𝐻 and elastic modulus 𝐸

via an iNano nanoindenter (KLA, California) [78]. The 6 × 6 indent array with a maximum

load of 50mN was applied to each sample. Machine compliance and the tip area function

were calibrated on a fused quartz reference sample before and after each test, following the

procedure outlined by Oliver and Pharr [78]. Nix’s model and Korsunsky’s model were used

to correct the influence of the substrate on the elastic modulus and hardness, respectively,

using an averaged Poisson’s ratio of 0.27 for the NM samples [87, 88, 90]. The properties

of the substrate have been independently measured via the CSM technique, showing the

elastic modulus as 67.01GPa and hardness as 7.79GPa, which was used for the deconvolution

of the measured data. For both nanoindentation configurations, the elastic modulus and

Poisson’s ratio of the indenter are 0.07 and 1140GPa, respectively. The more details about

the deconvulution can be checked in Chapter 1.3.1.3.

4.2.4 Micropillar splitting

Arrays of at least fifteen micropillars (nominal top diameter of 1 µm) were prepared for

each sample by focused ion beam (FIB) milling with the Helios 5CX Dual Beam Microscope,

as shown in Figure 4.2. A previously developed preparation procedure was used to minimize

FIB-induced damage on the edge of pillars: five coarse milling steps have been employed

using an ion current of 0.28 nA followed by a final refinement and shaping process involving a
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Fig. 4.2. FIB milled micropillars of AlN/YSZ 78 NMs: (a) overall view of the micropillars
array, (b) the micropillar with diameter nearly 1 µm.

current of 7.7 pA [108]. The distance between each pillar is set to 10 µm. The aspect ratio

(height-to-diameter) of the pillars was ensured to be greater than one, guaranteeing complete

relaxation of the residual stress, if present, within the probing volume. Sharp indentation using

a diamond tip with a cube-corner geometry on the center of each pillar was performed at a

constant loading rate of around 0.033 µNs−1 until unstable propagation of a crack is achieved,

thereby attaining the critical splitting load 𝑃𝑐, which appears as a burst in the load-displacement

curve. The accurate positioning of the indenter at each pillar center was achieved in situ using

a KLA nanoFLIP system equipped inside a FEI Helios NanoLab 600 Microscope. E-beam was

used during positioning and switched off during testing to avoid possible beam damage [138].

From the attained crack propagation and failure, fracture toughness was computed through

Equation 1.27. The radius 𝑟 of each pillar was measured from the SEM image such as Figure

4.2b to provide a precise evaluation. Since 𝛾 coefficients were calculated assuming average

film 𝐸/𝐻 ratios, the use of Equation 1.27 results in the estimation of “apparent” fracture

toughness for the multilayer systems. Based on postmortem fracture morphology, only those

pillars that were well centered (within the 10 % threshold of the pillar-measured radius as

described by Lauener et al. [108] and split into three parts were selected to calculate the

apparent fracture toughness of the coatings.

4.2.5 Vickers indentation and deformed cross-section preparation

A minimum of five Vickers indents per sample were carried out using a LM-100 Microinden-

tation Hardness Tester (Leco, Michigan) at a 0.245N (25 gf) load. Samples for cross-sectional

STEM were prepared using Helios G4 UXe PFIB Dual Beam system, following the procedure
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outlined in the “Optical Design and as-Sputtered Characterization” Section. A Cressington

108 Manual Sputter Coater (Ted Pella, Inc., California) was used for Pt-Pd protective coating.

The lamellae were extracted using the Helios 5 Ga FIB UX DualBeam FIB, and TEM imaging

was carried out using the Talos F200C G2 STEM.

4.3 | Results and discussion

As illustrated in Figure 4.1, optically optimized nanomultilayers are denoted as YSZ/Al2O3

MBI 74, AlN/YSZ MBI 82, and AlN/Al2O3 MBI 78, where “MBI” identifies an optically

optimized multilayer configuration. The numerical suffix corresponds to the modeled volume

fraction of the second constituent in the multilayer stack. For example, YSZ/Al2O3 MBI 74 is

designed to exhibit an overall Al2O3 volume fraction of 0.74.

In addition to these optically optimized coatings, non-optimized nanomultilayers were

fabricated within the AlN/YSZ and YSZ/Al2O3 material systems. These non-optimized

samples were designed with layer thickness distributions similar to that of the AlN/Al2O3

MBI 78 configuration, enabling a direct comparison of optical transmittance and mechanical

deformation behavior as a function of multilayer architecture rather than constituent chemistry

alone.

4.3.1 The multilayer microstructure of optical ceramic

Figure 4.3 shows the X-ray diffraction data for single-layered coatings of AlN, Al2O3, and

8 mol% YSZ. For the AlN film, a hexagonal (1 0 1 1) texture is visible, whereas the YSZ

coating exhibits the cubic phase, with no preferential orientation of the (1 1 1), (2 0 0), (2 2

0), or (3 1 1) planes, and Al2O3 is X-ray amorphous. Additionally, all patterns exhibit a diffuse

peak in the 20°–30° 2𝜃 range due to scattering from the glass substrate. The observed X-ray

patterns are supported by microstructural characterization in prior studies and representative

of the individual layers within the NMs of the current study [198, 200, 201]. Henceforth,

AlN/Al2O3 and YSZ/Al2O3 NMs will be noted as having C/A layers, and AlN/YSZ, C/C

layers.
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Fig. 4.3. X-ray diffraction plots of AlN, 8 mol % YSZ, and Al2O3 single layered coatings.

Figure 4.4 shows representative cross-sectional scanning TEM (STEM) images for the

YSZ/Al2O3, AlN/YSZ, and AlN/Al2O3 NMs that were deposited under the same conditions

as the single-layered coatings. While the as-sputtered NM layer thicknesses deviate slightly

from the coating designs (Figure 4.1), the aperiodic layer distribution within each coating

is preserved. Additionally, the cross-sectional images demonstrate sharp layer termination,

although the C/C AlN/YSZ NMs exhibit more layer roughness than the C/A systems. Similar

observations of interface roughness have been reported in various C/C NM systems and

attributed to deposition conditions [202, 203]. It also was observed that a higher degree of

interface/surface roughness can lower optical functionality, and therefore, the transmittance

of the C/C NMs may be affected, which is most important for optically optimized samples

[191, 192]. However, since the indices of refraction for the individual layers of AlN, Al2O3, and

YSZ are 2.18, 1.77, and 1.63, respectively, optical optimization can be achieved by alternating

layers of high- and low-indices of refraction or by having low refractive indices for both layers.
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Fig. 4.4. As-sputtered cross-section of (a) YSZ/Al2O3 MBI 74, (b) AlN/YSZ MBI 82, (c)
AlN/Al2O3 MBI 78, (d) AlN/YSZ 78, and (e) YSZ/Al2O3 78 NMs.

4.3.2 Mechanical behavior: deformation and properties

Table 4.1 sum up the testing results for both single-layered and NM coatings, with the

columns showing the residual stress, elastic modulus, hardness, and fracture toughness for

both single-layered and NM coatings. Here, the single-layered samples are used as baselines

for comparison to the rule of mixtures (RoM) [204].

4.3.2.1 E&H comparison

Nanoindentation was performed to assess the elastic modulus and hardness of the single-

layer and NM coatings. For the NMs, the elastic modulus ranges from 142.5 to 174.8 GPa,

with all values being statistically significant (two-sided, two-sample 𝑡-test, 𝑃 = 0.001) [209].

Figure 4.5 summarizes the elastic modulus and hardness of the different multilayer configurations,

complementing the values listed in Table 4.1.
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Table 4.1
Residual stress, elastic modulus, hardness, and fracture toughness of ceramic single layers
(from literature) and aperiodic NMs (experimental).

Sample Residual stress
(MPa)

𝐸

(GPa)
𝐻

(GPa)
𝐾𝑐

(MPa
√
m)

AlN −17.2 148.8 ± 4.6 9.1 ± 0.7 1.5–1.8 [205]
Al2O3 89.6 109.4 ± 3.7 6.4 ± 0.5 2.5–3.8 [205, 206]
YSZ −2.5 172.4 ± 19.0 11.1 ± 2.4 ≈ 1.2–1.7 [207, 208]
YSZ/Al2O3 MBI 74 −787.6 152.2 ± 3.4 12.9 ± 1.3 3.4 ± 0.5
AlN/YSZ MBI 82 2.2 142.5 ± 8.1 10.9 ± 0.7 1.6 ± 0.3
AlN/Al2O3 MBI 78 −38.3 161.2 ± 3.7 13.8 ± 0.5 2.9 ± 0.2
AlN/YSZ 78 −139.6 174.8 ± 6.9 16.0 ± 1.8 1.7 ± 0.2
YSZ/Al2O3 78 −612.7 166.9 ± 3.6 15.6 ± 0.8 3.5 ± 0.2

The elastic modulus and hardness values were extracted from CSM nanoindentation using

the Doerner–Nix substrate correction model [86, 88] to minimize substrate influence. Details

of the deconvolution procedure are provided in Chapter 1.3.1.3. The resulting values therefore

represent the apparent mechanical response of the nanomultilayer coating systems, rather than

intrinsic properties of individual constituent layers. Among all configurations, AlN/YSZ 78

and AlN/YSZ MBI 82 exhibit the highest and lowest elastic moduli, respectively. Compared

with the single-layer coatings, the elastic moduli of YSZ/Al2O3 MBI 74, AlN/YSZ MBI 82,

AlN/YSZ 78, and YSZ/Al2O3 78 fall within the bounds predicted by the rule of mixtures

(RoM) [204].

The hardness of the nanomultilayers varies from 10.9 to 16.0 GPa, with all differences

being statistically significant except between AlN/YSZ 78 and YSZ/Al2O3 78 [209]. Notably,

YSZ/Al2O3 MBI 74 and YSZ/Al2O3 78 possess similar constituent volume fractions but exhibit

markedly different hardness values (12.9 GPa vs. 15.6 GPa). A similar trend is observed for

AlN/YSZ MBI 82 and AlN/YSZ 78 (10.9 GPa vs. 16.0 GPa), indicating that hardness is

strongly influenced by multilayer architecture rather than composition alone.

The depth-dependent elastic modulus and hardness profiles are shown in Figure 4.6,

providing further insight into the influence of stacking configuration. As the indentation depth

increases toward the total coating thickness, both elastic modulus and hardness progressively

approach the substrate response. The hardness exhibits a slight increase at shallow depths

for most configurations, whereas the elastic modulus decreases monotonically with depth.
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Fig. 4.6. The (a) elastic modulus, and (b) hardness obtained from the aperiodic NMs coated
samples as a function of indentation depth(experimental).

AlN/Al2O3 MBI 78, AlN/YSZ 78, and YSZ/Al2O3 78 consistently show higher hardness than

the other configurations. These coatings share a smaller repeating period in the mechanically

dominant region, resulting in a higher effective interface density within the indentation-induced

plastic zone. The increased frequency of interfaces provides more effective barriers to plastic

deformation, thereby enhancing hardness, particularly for AlN/YSZ 78, which incorporates hard

YSZ layers. In contrast, AlN/YSZ MBI 82 consists of relatively thick YSZ blocks separated

by ultrathin AlN layers, together with thicker AlN segments near the top and bottom of the

coating. As the plastic zone develops under indentation, the reduced interface density within

the plastically deformed volume facilitates localized plastic flow, leading to a lower measured

hardness.

Fig. 4.5. The measured (a) elastic modulus, and (b) hardness of the aperiodic NMs
(experimental).
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As discussed in Section 1.3.1, hardness obtained from sharp nanoindentation is a plastic-

zone-dominated parameter, governed primarily by the materials and interfaces within the

plastically deformed volume at a given indentation depth. By contrast, the elastic modulus

extracted from CSM reflects the elastic response of a much larger material volume, as elastic

strain energy is stored well beyond the plastic zone. Consequently, the measured modulus

represents a weighted average of the elastic properties of the entire multilayer stack and, at

larger depths, increasingly incorporates substrate contributions.

Therefore, further tunability of mechanical behavior in aperiodic ceramic nanomultilayers

may be achieved by systematically tailoring stacking architecture and by examining the

contributions of individual layers using complementary mechanical characterization techniques,

thereby strengthening the correlation between coating design parameters and deformation

mechanisms.

4.3.2.2 Fracture mechanism

The evaluation of fracture toughness was performed on the YSZ/Al2O3, AlN/YSZ, and

AlN/Al2O3 NMs via micropillar splitting, using the nanoindentation-derived elastic modulus

and hardness for calculations based on Equation 1.27 [105]. It should be noted that the

single-layered fracture toughness (𝐾𝑐) values were derived from various and/or unspecified

loading modes, whereas the nanomultilayered fracture toughness values are correlated to mode

I loading (opening, 𝐾𝐼𝑐). The fracture toughness values are shown in the last column of Table

4.1 and further discussed in Figure 4.7, where the load-displacement curves for each NM

are shown with representative SEM image insets of postmortem pillars. It is observed that

YSZ/Al2O3 78 exhibits the highest apparent fracture toughness of 3.5MPa
√
m followed by

3.4MPa
√
m for YSZ/Al2O3 MBI 74 and 2.9MPa

√
m for AlN/Al2O3 MBI 78. AlN/YSZ 78

and AlN/YSZ MBI 82 exhibit relatively lower fracture toughness values of 1.7 and 1.6MPa
√
m,

respectively (Table 4.1). These values also are depicted in a bar graph in Figure 4.7f. Since

the fracture toughness for ceramic materials typically spans from 1 to 3MPa
√
m, the attained

values for all NMs are expected, and separately, are intermediate to those of their constituents,

with the YSZ/Al2O3 NMs presenting the highest values [204]. Specifically for the NMs,

apparent fracture toughness was derived from an equation based on the critical splitting load,
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pillar radius, and 𝛾, a coefficient influenced by the E/H ratio, Poisson’s ratio, and the indenter

angle (see Equation 1.27 in Chapter 1.3.2). It was previously reported for ceramic NMs that,

when comparing the weight of various factors, the critical splitting load is a direct parameter

to evaluate fracture toughness. Hence, the fracture behavior of the aperiodic ceramic NMs is

further analyzed through their load-displacement curves, where the critical pillar splitting load

is defined as the load at which unstable crack growth occurs, characterized by a displacement

burst and discontinuity at relatively shallow depths [139]. In all, YSZ/Al2O3 MBI 74 and

YSZ/Al2O3 78 exhibit the highest critical splitting loads, averaging 2.0 and 1.9 µN, respectively.

These are followed by AlN/Al2O3 MBI 78 (1.7 µN), AlN/YSZ 78 (1.2 µN), and AlN/YSZ MBI

82 (0.8 µN). A displacement burst for AlN/ YSZ MBI 82 (Figure 4.7b), AlN/Al2O3 MBI 78

(Figure 4.7c), and AlN/YSZ 78 (Figure 4.7d) occurs 200 nm into the coating and at a depth

of 300 nm for YSZ/Al2O3 78 (Figure 4.7e). Interestingly, although similar critical loads were

observed in the YSZ/Al2O3 NMs, an inflection point rather than a displacement burst is noted

for YSZ/Al2O3 MBI 74 (Figure 4.7a), which is an uncharacteristic behavior for pillar splitting

and can be indicative of stable crack growth.

The post fracture SEM image insets of Figure 4.7 indicate that the C/C AlN/YSZ NMs

failed by intergranular fracture (Figure 4.7b,d), where the step-like features on the fracture

surfaces for AlN/YSZ 78 suggest crack deflection at the interfaces, a behavior known as a

toughening mechanism for NMs [210]. For C/A AlN/Al2O3 MBI 78, the intergranular fracture

mode is confined to the layer stack with a locally high AlN volume fraction (Figure 4.7c).

However, the fracture surfaces for the C/A YSZ/Al2O3 NMs are relatively featureless (Figure

4.7a,e). Overall, when comparing measured values and post-mortem images of the C/C and

C/A NMs, the latter seems more suitable for mechanical functionality, although the opportunity

for improvement remains.

Specifically, previous studies on C/A NMs and nanolaminates reported that failure modes

can be controlled through the amorphous layer thickness [211–213]. Thus, the C/A NMs

in this work were selected for additional testing, through which the link of aperiodicity to

deformation could be further developed.
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Fig. 4.7. Pillar splitting. Representative load-displacement curves obtained for aperiodic
(a) YSZ/Al2O3 MBI 74, (b) AlN/YSZ MBI 82, (c) AlN/Al2O3 MBI 78, (d) AlN/YSZ 78,
and (e) YSZ/Al2O3 78 NMs during pillar splitting tests with corresponding postfracture SEM
micrographs as insets. (f) Bar graph of average apparent fracture toughness for all NMs.
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To explore the qualitative effects of aperiodic configurations, Vickers microindentation

was performed at a 0.245N (25 gf) load, as shown in Figure 4.8 for the three C/A NMs, which

includes representative top-surface SEM indent images (Figure 4.8a), cross-sectional high-angle

annular dark-field (HADDF-STEM) micro-graphs (Figure 4.8b), and magnified views of the

cross-sections (Figure 4.8c).

Fig. 4.8. Vickers indentation and cross-sectional analysis. Representative micrographs post
Vickers indentation at 25 gf for aperiodic ceramic NMs. Planview SEM of (a1) AlN/Al2O3

MBI 78, a2) YSZ/Al2O3 78, and a3) YSZ/Al2O3 MBI 74 indents. b1–b3) Corresponding
cross-sectional HAADF-STEM micrographs along the indent diagonal, as marked by the dashed
box in (a1). Red arrows in (b1) indicate areas of deformation or delamination. (c1–c3)
Magnified views of corresponding samples.

From the SEM images in Figure 4.8 a, fracture features are observed for AlN/Al2O3 MBI

78 (Figure 4.8 a1) and YSZ/Al2O3 78 (Figure 4.8a2), with cracks formed around the indent

edge. In contrast, no distinct fracture features are noted for YSZ/Al2O3 MBI 74, which is

the only NM with a locally high amorphous volume fraction stack near the surface of the

coating (see Figure 4.1). This is consistent with the unique yielding of YSZ/Al2O3 MBI 74

observed during the pillar splitting tests. To connect top-surface indentation observations

with layer-specific deformation and local volume fractions, electron-transparent cross-sections

were prepared under the horizontal indent diagonals for the C/A NMs (as outlined in Figure

4.8a1), with STEM micrographs of the cross-sections provided in Figure 4.8b,c. From these

images, it is observed that the substrates and coatings bend in response to the applied load,

122



confirming flexure of the coating. For AlN/Al2O3 MBI 78, delamination, reoriented grains,

and intergranular fracture are observed within a locally high AlN volume fraction stack (Figure

4.8b1). Whereas, YSZ/Al2O3 78 and YSZ/Al2O3 MBI 74 do not exhibit any fracture features

within its layers (Figure 4.8b2,b3). These observations are consistent with a previous study

on TiAlN coatings which suggested that larger compressive stresses (see Table 4.1) allow for

greater compensation of strain [214]. Furthermore, independent of magnitude and compressive

stresses are known to retard crack propagation and counter the effects from tensile loads [183].

4.4 | Conclusion

In this work, aperiodic ceramic NMs were studied to explore the role of various layer

arrangements on optical transmittance and mechanical behavior. NMs with similar and distinct

layer stacks across the AlN/Al2O3, YSZ/Al2O3, and AlN/YSZ systems were synthesized

to enable this investigation, with one configuration for each system designed for optical

optimization. A minimum 90% transmittance across the UV-Vis-NIR wavelength spectrum

was achieved for the optically optimized aperiodic NMs, highlighting opportunities to further

increase transmittance and examine the mechanical behavior through the scope of aperiodicity.

By performing mechanical tests at various length scales, the influences of aperiodic layer

stacking, C/C and C/A interfaces, and localized volume fractions were evident when comparing

properties, such as hardness and fracture toughness, within and across the systems. Samples

with amorphous Al2O3 layers and C/A interfaces generally demonstrated the best mechanical

performance, and specifically for the YSZ/Al2O3 MBI 74 NM coating, indications of stable

crack propagation and strain accommodation without fracture were noted. Thus, the scope

and span of the mechanical behavior presented in this study elucidate the correlation between

aperiodicity and deformation in optical ceramic NMs, where variations in local volume fraction

within aperiodic configurations can be tailored to control the fracture mode. This demonstrates

that, although interface characteristics and layer composition influence deformation, aperiodicity

can be implemented as a design factor for optomechanical multifunctionality.
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CHAPTER 5

Summary and outlook

This thesis systematically investigates the mechanical behavior and fracture mechanisms of

micro ceramic systems enabled by advanced additive manufacturing, ALD, and multilayer nano-

architecture design. By combining quantitative experiments with mechanics-based modeling,

the work establishes clear structure–property–mechanism relationships across multiple material

platforms and length scales, demonstrating how processing routes, residual stress engineering,

and coating configurations can be leveraged to tailor fracture resistance and mechanical

reliability.

First, the intrinsic mechanical properties of sinterless silica fabricated via TPPDLW and

subsequent pyrolysis were established and benchmarked against conventionally processed

fused silica. Through complementary nanoindentation and micropillar splitting measurements,

this work demonstrates that sinterless TPP-derived silica exhibits elastic modulus, hardness,

and fracture toughness values that are indistinguishable from those of lithography- and FIB-

fabricated silica. Crucially, the agreement across fabrication routes confirms that the glass

network formed during low-temperature pyrolysis is mechanically equivalent to traditional

fused silica, despite the absence of high-temperature sintering. The observed size-independent

fracture toughness over the investigated micrometer-scale regime further indicates that the

measured values reflect intrinsic material behavior rather than extrinsic geometric or testing

artifacts. Together, these findings validate sinterless TPP-derived silica as a mechanically

robust structural material, while simultaneously enabling unprecedented geometric freedom

and compatibility with temperature-sensitive microsystems.

Building on this foundation, the second part of the thesis explores fracture toughness

modulation through residual stress engineering using ALD coatings on micro-ceramic systems.

By integrating high-resolution FIB–DIC measurements, pillar splitting experiments, and cohesive-
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zone finite element modeling, this work reveals how ALD-induced residual stresses fundamentally

alter crack initiation and propagation pathways. The results demonstrate that tensile residual

stresses in the coating can significantly enhance apparent fracture toughness when median

cracking dominates, due to the generation of compressive stresses in the substrate, whereas

compressive residual stresses generally reduce crack resistance. Importantly, the fracture

response is shown to be crack-geometry-dependent: both tensile and compressive stresses

can induce embrittlement when Palmqvist cracking occurs. These findings clarify previously

ambiguous experimental observations and highlight that the effectiveness of ALD-based stress

engineering depends critically on the material system, coating thickness, deposition conditions,

and crack morphology. The study thus establishes residual stress as a powerful design parameter

for tuning fracture behavior in micro-ceramics.

Finally, the thesis extends the investigation of fracture and deformation mechanisms

to optically functional aperiodic ceramic nanomaterials. By systematically varying layer

arrangements and interface types across multiple material systems, this work demonstrates that

aperiodicity introduces local variations in volume fraction and constraint that strongly influence

mechanical response, which is governed by the interplay between amorphous versus crystalline

layers, interface chemistry, and local structural heterogeneity. In particular, nanomaterials

incorporating amorphous Al2O3 layers and ceramic/amorphous interfaces exhibit superior

fracture resistance and, in some cases, evidence of stable crack propagation and strain

accommodation. These observations reveal that aperiodicity is not merely a photonic design

strategy, but also a viable mechanical design variable that can be exploited to control fracture

mode and deformation behavior in multifunctional ceramic systems.

Collectively, this thesis establishes a unified framework for understanding and tailoring

fracture behavior in architected ceramics by linking processing-induced structure, residual

stress states, and architectural complexity to underlying fracture mechanisms. The results

demonstrate that advanced manufacturing techniques—when combined with stress engineering

and architectural design—can overcome the traditional brittleness of ceramics without com-

promising intrinsic material performance. Looking forward, extending these strategies to fully

micro-architected metamaterials, where residual stress, interface design, and topology can be
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co-optimized, represents a promising pathway toward mechanically reliable, optomechanically

multifunctional systems for applications in microsystems, micro-optics, and nanophotonics.
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